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Abstract

The study of heterostructured materials (HSMs) answered one of the most pressing
questions in the metallurgical field: “is it possible to greatly increase both the strength and
the strain hardening, to avoid the “inevitable” loss of ductility?”. From the synergy between
the deformation modes of zones with greatly different flow stress, low stacking fault energy
(SFE) alloys can reduce their typical trade-off between strength and ductility. Stainless steel
(SS) is a low-SFE material, which is widely applied for structural, biomedical, biosafety,
food-processing, and daily applications. The possibility to combine its corrosion resistance
and biocompatibility with the outstanding mechanical behaviour of HSMs can convert SS
into a promising option for low-cost and high-effective advanced material. This paper
reviews all the microstructural aspects of HS SS obtained by different processing methods
and their correlation with crystallographic texture and properties such as mechanical,
corrosion, biological, and magnetic characteristics. The critical comparison between
experimental and modelling findings is also presented in terms of the deformation
mechanisms, microstructural and texture features. Thus, the processing-microstructure-

properties relationship in HS SS is the focus of this publication. The multi-disciplinary
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perspectives of HS SS are also discussed. This review paper will serve as a reference for

understanding and designing new multi-functional HS SSs.
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1. Introduction

Heterostructured materials (HSMs) constitute a promising and fast emerging field for
boosting mechanical properties through cost-effective routes. The highly increasing tendency
towards developing heterostructured materials is shown in Fig. 1. Although HSMs are not
the only way to improve the mechanical behaviour of metallic materials, they provide a
creative answer to a harsh question in nanostructured materials: “is it possible to highly
increase both the strength and the strain hardening to avoid the “inevitable” loss of
ductility?”. From the development of gradient structures by surface nanocrystallization [1],
the scientific community noticed an interesting combination of long-range stress that
strengthens the material and maintains good ductility while straining. A systematic study of
their physics was motivated to understand those promising results [2]. Currently, multiple
advantages, especially a cutting-edge combination of strength and ductility, have been related

to HSMs.
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Fig. 1. Tendency of scientific papers included in Scopus database with the keywords

“stainless steel” and “heterostructure” in their titles.

An important value of HSMs is the possibility to combine different properties to ensure
their multifunctional purposes [3]. The reduced strength to ductility trade-off that HS
microstructures can overcome can also be combined with properties different from
mechanical ones. Some examples are the design of antimicrobial, corrosion-resistant,
magnetic, or biocompatible alloys with superior mechanical performance. Besides, the
heterogeneous nature of HSMs allows exploring plenty of routes, like heterogeneous grain
size, density of defects, crystallographic texture, as well as chemical, magnetic,

electrochemical, electric, thermic, and biological, among other disparities.



The outstanding combination of different properties sets the HSMs as promising for
replacing multiple conventional materials. Some current and potential applications of HSMs
are biosafety, orthopaedic, dentistry, food-processing, automotive, aeronautic, architectural,
optoelectronics, biomechanics, tribology, energy-conversion devices, magnetic storage, daily
devices, among others, which can combine their main properties with cutting-edge

mechanical performance to increase their service life [4—6].

The effectiveness of heterostructures has also been demonstrated by various bio-inspired
designs such as gradient microstructures in wood and bamboo stems, horse hoofs, teeth,
bones, shells, among others [7—11]. Besides, the use of man-made HSMs is not a new trend.
The softcore with a hard edge of the famous Damascus blades (5th century to 19th century)
made of Indian steel [12—14] and the ancient Japanese swords (from more than 1000 years)
[6,15,16] are examples of heterostructured strong and tough materials. However, the
systematic study of the physics underlying the outstanding properties of the HSMs was
launched from the explanation of the role of back stress [2,17-19] and forward stress in the

hetero-deformation induced (HDI) hardening? [20].

Although the design of heterostructures is not the only route to improve the mechanical
properties of metallic materials, it is currently the most promising for industrial purposes.

From [2], the trade-off between strength and ductility is considerably reduced with the

2 Back stress strengthening and hardening were posteriorly renamed HDI strengthening and

hardening due to the contribution of forward stress.



obtaining of heterostructures in comparison with nanometric (NG)/ultrafine (UFG) and

coarse grained (CG) materials [21]. Figure 2 shows the main classification of HSMs, which

will be followed in the present review: heterogeneous lamella structures (HLS), gradient

structures (GS), layer structures (LS), multiphase structures, harmonic structures, and

multimodal structures [4]. Moreover, the characteristic microstructural features and the main

obtaining processes of each HSM are also shown in Fig. 2. Sections 4 to 8 will describe each

classification in more detail.
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structure [21,36-40], harmonic structure [40-43], multimodal structure [42,44-46], and
layer structure [47,48], as well as the main elaboration processes of each kind of HS

materials (HSMSs).

Moreover, the thermomechanical processes for elaboration of HSMs are frequently low-
cost and scalable for industrial production. This feasibility is obtained by the possibility to
design new combinations based on conventional thermomechanical bulk or surface
processing methods. Examples of these are the use of surface mechanical attrition treatment
(SMAT) [49-51], heat treatments (HT) [52], severe cold rolling (CR) and HT [2,21,35,53—
55], accumulative roll-bonding (ARB) and HT [56,57], ARB with sprayed surface
nanoparticles [58], ARB with rolling and annealing [59], surface mechanical grinding
treatment (SMGT) [60], dynamic plastic deformation (DPD) [61], among others.
Heterostructured materials can also be produced by severe plastic deformation (SPD)
techniques [62-64] or SPD with HT [65-67]. SPD techniques are effective in greatly
enhancing mechanical performance [68]. However, some SPD techniques require complex
die design [69], which reduces the likelihood of large-scale production through continuous

processing routes [70].

The elaboration of heterostructures consisting of zones with high mechanical
incompatibility is one of the most effective principles to reduce the trade-off between strength
and ductility of several metallic materials [71]. The HSMs create a synergy between the

virtues of different microstructural features to reduce conventional trade-offs on
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homogeneous alloys as strength-ductility, strength-conductivity, strength-toughness, etc.,
[4,5,79,25,72—78]. The HSMs require specific microstructural features to secure a dramatic
strength change between zones and the synergy of multiple strengthening mechanisms. The
heterogeneous zones require adequate size, geometry, and distribution of grains and phases
to maximise the occurrence of strain partitioning between them [5]. The size of each zone
can vary from micrometres to millimetres and allow dislocations to pile up in both zones,
more importantly in the soft one. The HSMs involve heterogeneities in terms of long-range
internal stress, defect distributions, and inter-zone interactions. This includes materials with
zone boundaries due to different phases’ coexistence, chemical compositions,
crystallographic textures, grain sizes, grain morphologies, and defects. A high density of
grain boundaries is also desirable to augment their HDI stress [80]. Besides, materials with
low stacking fault energy (SFE) promotes dislocation pile ups by reducing cross slip. With
its characteristic low SFE, stainless steel is one of the main targets for maximising

mechanical properties.

Since its discovery in 1912 [13], stainless steel (SS) has been one of the most accessible
and cost-benefit alloys for industrial and daily components. Due to its chemical composition,
the SS combines high strength and corrosion resistance, making it suitable for several
applications. SS is currently applied in temporal orthopaedic and dental implants, medic
tools, orthodontic treatments, food refrigeration devices, cooking utensils, jewellery,
fasteners cutlery, pipelines, potable water containers, automobiles, pressure vessels,

wastewater treatment, ships, architectural applications, as well as for equipment in

12



pharmaceutical, chemical, health, sanitation, food-processing, textile, and petrochemical
plants, among others [81-83]. Based on data from the International Stainless Steel Forum
(ISSF), the world yearly production of SS in 2020 was about 52.2 million metric tons [84]
and it has kept an increasing trend since at least 2012. From the above, the SS has gained an
important place in social and technological development. Intensive research is being carried
out all over the world to improve the current properties of SS and expand its applications
(Fig. 1). The objective is to combine the accessibility and low cost of SS with outstanding

mechanical and multi-functional properties.

From their microstructure, the wrought SS can be classified as single- and multiphase.
The ferritic, austenitic, and martensitic SS belong to the first group, while duplex and
precipitation-hardening fit in the second group [85]. From the previous classification, the
ferritic SS has a body-centred cubic (BCC) structure with a Cr content from 10.5 to 30 wt.%,
is ferromagnetic and possesses good ductility; the austenitic SS has a face-centred cubic
(FCC) structure with Cr content from 16 to 26 wt.%, its annealed condition is nonmagnetic,
it is a work-hardening alloy that retains good strength at high-temperature; the martensitic
SS have a ferromagnetic BCC structure when hardened, they have a Cr content from 10.5 to
18 wt.% and show corrosion resistance in mild environments; the duplex SS possesses a
mixture of BCC (ferrite, o) and FCC (austenite, y) structures, they have high tensile strength
and good corrosion resistance in stress-assisted environments; the precipitation-hardening SS
may have a martensitic or austenitic structure after being annealed, they use to have a high

strength [85]. It should be pointed out that each microstructure is defined by the chemical
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composition and thermomechanical process for obtaining SS. One common feature of all the
classifications of SS is that they should include at least 12 wt.% of Cr to allow the surface

formation of a Cr-rich oxide film [13,86].

Despite their broad applications, medical and structural SS components require advanced
material design to reduce their failures. Examples of these deficiencies include the breakage
of medic or orthodontic tools as a result of repetitive sterilization and use, due to the wrong
handling of devices or unexpected movement of the patient [87]; the hypodermic needles
which might suffer breakage during anaesthesia and other clinic procedures [88,89],
requiring complex and risky extraction procedures; the hand-holders in public transport, as
well as doorknobs, door handles, bed rails and faucets that should resist continuous friction;
orthodontic archwires, molar bands and brackets, which should resist compression loads in
the oral environment; orthodontic drills that require a high fatigue resistance; among others.
From the above, the mechanical and corrosion properties remain at the core of the required
characteristics for the good performance of SS components. As a solution for the previous
drawback, the design and study of HS SS have shown promising results in the matter of
reducing the conventional trade-off between strength and ductility without affecting their
corrosion resistance and biological properties [32,90]. Moreover, passivated materials with
wide grain size distributions (as the resultant in HSMs) have shown better corrosion
resistance due to the formation of a more continuous, compacted and well-adhered surface
passivation layer in comparison with that of nanometric or coarse-grained microstructures

[91,92].
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This review paper aims to present the recent progress in heterostructured stainless steel
and its multiple advantages over its conventional counterparts. The unique microstructural
features of the HS SS and their effect on the mechanical, crystallographic texture, corrosion,
and other important features of SS will be discussed. Recent literature can be found with an
in-depth explanation of recent findings in the physics of the strengthening and hardening
mechanisms in HSMs [4,5,76,80,93]. However, no clear correlation has been shown with
other fundamental properties for the wide applications of SS. The present review paper will
be focused on the processing-microstructure-properties relationship on HS SS. Comparison
between the results obtained from different heterostructures will also be presented to serve
as a basis for further designs of multifunctional HS SS. Overall, this paper will provide a
broad understanding of the recent findings in HS SS. Considering that HSMs are an emerging

and highly promising field, the future perspectives of HS SS will also be discussed.

2. Brief overview of the fundamentals of heterostructured materials (HSMs)

This section introduces the basics for understanding the features and properties of HSMs.
As explained before, the physics of HSMs is not the focus of this review paper. Further

information can be found in the literature [4,5,20,76,80,93].
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2.1 Principles of HSMs

The outstanding mechanical properties of the HSMs are originated from the interactive
coupling between soft and hard zones coexisting in the same microstructure. The mechanical
incompatibility between adjacent soft and hard zones should be greater than 100% [76]. The
differences in flow stress cause a heterogeneous response to the applied strain. The soft
(coarse-grained) zones sustain larger deformations, while the hard ones (nano- or ultrafine-
grained) act as obstacles to block the gliding of dislocations, increasing the material
resistance. The interfaces between those zones, or zone boundaries, play a key role in the
interactive coupling between different zones. When stress is applied to the HSMs, the soft
zones start deforming before the hard ones. To accommodate the strain mismatch in the zone
boundaries, geometrically necessary dislocations (GNDs) will be created from Frank-Read
sources and they pile up. The dislocations in a pile up have the same Burgers vector, and they
originated from the same dislocation source. The pile up of GNDs produces long-range back
stress [94]. As shown in Fig. 3(a), with increasing applied stress, the GNDs pile up against
the zone boundaries and generate back stress in the soft zones [20]. Simultaneously, the stress
exerted by the head of the GND pile up will produce forward stress in the hard zones
[5,95,96]. The produced back stress will act against the dislocation source to try to stop the

emission of more dislocations [2].

The back stress strengthens the soft zones, while the forward stress makes the hard zone
easier to deform [4]. Numerous GND piled ups can be observed within a grain of HS lamella

TiinFig. 3(b). The distribution of dislocations along the GND piled ups follows a non-linear
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function [97]. Consequently, a strain gradient will be created with respect to the Frank-Read
dislocation source, which has the highest plastic strain [5]. As a result of the GND pile ups,
a distribution of strain gradient with the distance from the zone boundaries can be observed
in Fig. 3(c). The strain gradient produces a hetero boundary affected region (HBAR)? [73].
The mentioned strain gradient will be partially accommodated by the creation and interaction
of more GNDs near the HBAR. Afterwards, the hard zone remains elastic when the coarse
zone starts being plastically deformed. However, the coherency at the interface should be
preserved and the soft or coarse zones cannot freely deform plastically, i.e., both zones
mutually constrain, which results in a higher strain hardening than the obtained for
homogeneous nanostructured materials [98]. The back stress and forward stress do not cancel
each other globally, and they collectively produce the HDI strengthening to enhance yield
strength (YS) and HDI strain hardening to retain/improve ductility. As a result, the YS of
HSMs is greater than predicted by the well-known rule of mixtures (ROM) [99], i.e., greater

than the strength contributions of each component weighted by their volume fraction.

3 This zone was previously identified as Interface-Affected-Zone (I1AZ).
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Fig. 3. Generation and distribution of long-range back and forward stress by geometrically
necessary dislocation (GND) pile ups near the zone boundary. (a) Scheme of the generation
of GNDs from a Frank-Read source (red circle) that pile up against a zone boundary and
produces back stress in the soft zone and forward stress in the hard zone. The curve on the
left of the boundary is the distribution of forward stress induced by the back stress in the
hard zone. (b) Transmission electron microscopy micrograph of many piled up GNDs
(green lines). (c) Distribution of strain gradient with the distance from the zone boundary.

Adapted from [5].
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Even the HDI strengthening is dominant in HSMs, their properties come from the synergy
of multiple strengthening mechanisms. The microstructural heterogeneities on the HSMs,
such as zone boundaries obtained from multiphase frontiers, multi-order grain sizes, twins,
strain bands, among others, encourage the occurrence of heterogeneous deformation and
diverse strengthening mechanisms. The contribution of HDI to the total strengthening in
HSMs is significant enough to surpass the expectations from traditional strengthening
mechanisms (including precipitation, grain boundaries, solid solution, and accumulation of

dislocation) or by the conventional ROM.

2.2 Synergistic strengthening in HSMs

The HSMs create a synergy between various strengthening mechanisms, from where HDI
strengthening is dominant. The HDI strengthening is usually neglected in homogeneous
materials and not considered in most classic models, such as the ROM. The occurrence of
HDI and the synergistic strengthening effect does not follow a linear function (Fig. 4(a)), and
a term for its contribution should be added to the ROM, resulting in a modified ROM shown

in Eq. (1) [80,99].
oy =Ac+X1_,; fio; (1)

where oy is the YS of the whole sample, Ao is the contribution of the synergistic
strengthening, f; and o; are the fraction and YS of the i layer/zone, respectively. From Eg.

(1), the first term corresponds to the contribution of synergistic strengthening mechanisms,
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which are originated from the interaction and mutual constraint between the heterogeneous
zones. The second term corresponds to the contribution from the classic ROM. The Eq. (1)

can also be expressed in a more general approach by the Eq. (2).
oy = Ac +— [ o(x)dx 2)

where th is the total thickness/volume of the sample, o(x) is the YS of each sample
layer/zone at the position x along the thickness/volume. It should be pointed out that Ao has
a nonlinear contribution, revealing that there exists a volume fraction/thickness of fine zone
that maximises the mechanical properties. From the inset of Fig. 4(a), the maximum Ao
contribution was obtained at a volume fraction of about 0.5 of gradient (fine) layer [99]. This
might be related to the fact that an increment of heterogenous fraction leads to a
homogeneous microstructure at some point, which implies the decrement of zone boundaries
density. Thus, there is an optimum fraction of coarse and fine grains in which the synergy
between GND pile up and dislocation accumulation is maximised. The modelling of the
necessary fraction of zone boundaries for maximising the contributions of HDI strengthening
in the different HSMs remains in the future opportunities for the scientific community.
However, experimental approaches for optimising the volume fraction of fine (hard) zones
in harmonic structured 304L SS and Cu to ~40% were reported [41,100]. Dual SS and
manganese steel, which are examples of multiphase structured materials, obtained superior
mechanical properties at ~30 vol.% of martensite (") [101,102]. The strength and ductility
relationship was maximised in a 316L SS HLS with a 30 vol.% of nano-grained and 10 vol.%

of nano-twinned zones [21]. Strength and ductility by prolonged deformation-induced
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plasticity (TRIP) effect, HDI strengthening and HDI strain hardening were optimised in a GS
304 SS alloy [103]. This effect was especially notable at a depth of 60 um from the surface
with initially ~30 vol% of «'. Besides, the HDI strengthening in a GS interstitial-free (IF)

steel was optimised at a volume fraction of the fine zone of ~0.5 [99].

On the other hand, the origin of such Ao is also partially related to the mismatch of
Poisson’s ratio between the coarse and fine zones. It is known that no lateral stress is applied
in homogeneous materials during tensile strain. However, from qualitative finite element
method (FEM) in an IF steel [99], the normal stress (ox) was shown to be positive in the
coarse layer and negative in the fine one, i.e., a biaxial stress state is induced in the whole
sample (Fig. 4(b)). The biaxial stress increases the interaction and accumulation of
dislocations by activating more slip systems [80]. Consequently, the strength of the
plastically deformed layer will rise. From Fig. 4(b) a stress gradient can be observed across

the thickness, especially at the zone boundaries.

Moreover, Poisson’s ratio evolution incompatibility and mutual constraint generated
different strains between coarse and fine layers. A peak of strain gradient at the zone
boundaries was produced (Fig. 4(c)). The strain gradient triggers the generation and
accumulation of GNDs, HDI stress production, and work hardening increment following
plastic deformation. Additionally, normal (dex/dy) and shear (dyxz/dy) strain gradients were
larger at the edge of the sample (path 4) in comparison with the centre (path 1). The FEM
modelling did not consider the contribution of interlayer interaction to constitutive

relationships or the gradient structure expected within the fine layer, which remains an
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opportunity for future efforts. In summary, the biaxial stress state encourages the
accumulation of dislocations while the strain gradients prompt the GND formation. Both
strengthening mechanisms, dislocations accumulation and HDI strengthening, together with
other possible as grain boundaries density, twining, second phases, etc., act synergically in a
gradient material. However, only the already explained relationship between the first two

strengthening mechanisms is proper for HSMs.
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Fig. 4. Finite element method (FEM) results for yield strength and distribution of stress and
strain gradients in an interstitial-free (IF) steel processed by SMAT [99]. (a) Comparison
between experimental (red curve) yield strength and the calculated by the rule of mixtures
(ROM) (blue curve) and modified ROM (green curve) in a gradient interstitial-free steel

processed by SMAT, (b) normal stress (ox) distribution along the x-axis, and (c) normal
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(dex/dy) and shear (dyxz/dy) strain gradients along the x-axis. Path 1 (centre) to 4 (edge)

refers to different profiles of the sample selected for FEM modelling.

Posteriorly, a method to consider the strain dependence of hardness in the constitutive
relationship of an LS TAL (Ti alloy)/Al1060 (Al alloy)/430 (SS) was proposed [104]. This
method also takes the ROM as a basis for considering the continuous change of hardness of
each constituent layer during strain processes, including the contributions of bonding regions.
It is well-known that the density of dislocations increases during plastic deformation
processes, increasing the work hardening and hardness of the strained material. No
considering of previous phenomena during FEM analysis reduces the accuracy of results.
Due to the above, the authors of such work considered four main inputs: i) the true stress, ii)
the cross-section areas, iii) the strain dependence of hardness of each layer and bonding
regions, and iv) the tension force of the whole LS material. This model showed reliability
with respect to the experimental data during bending tests, especially for high bending angles.
However, at bending angles lower than 40°, the model showed a bigger error in the
springback between the reported hierarchical method and the experimental results. No further
explanation was included in that publication about such deviation. However, this could be
related to the consideration that the ratio of increment of stress to the hardness augmentation
is equal for all the layers and bonding zones. However, it has been explained that in HSMs,
the soft region reaches the plastic deformation region while the hard one is still elastically

deformed. This provides the hard zone with a higher elastic strain to release after retiring the
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applied load. This means that the springback occurrence, i.e., return of some atoms to their
equilibrium positions in the crystalline lattice (partial recovery), is higher while the hard zone
remains elastic. Additionally, at this deformation stage, the soft zone is being hardened
mainly by back stress, while the hard zone joins the contributions of mainly dislocations
accumulation and forward stress, being why the ratio of increase of stress with hardness

cannot be equal for both zones.

2.3 Experimental measurement of hetero-deformation induced stress

The generation of HDI stress is not exclusive to HSMs. Conventional homogeneous alloys
also produce it, although it is usually very low. The HDI stress is closely related to the well-
known Bauschinger effect because they have the same origin, i.e., the GND pile-ups [105].
The Bauschinger effect refers to the difference between the applied and reversed flow stress,
causing lower compressive YS than its tensile YS, and inverse [106]. The directional nature
of long-range back stress obstructs dislocation slip in the tensile direction and promotes it in
the inverse direction [107]. Recently, it was reported that the strain hardening increased as a

function of the compressive residual stress in GS materials [108].

It has been reported that the back stress contribution can count for 88% of the flow stress
disparity due to the Bauschinger effect [109]. This means that the higher HDI stress, the
higher the Bauschinger effect. This is an effect that influences mainly the HSMs, for example,
GS [105,107], HLS [2], alloys with soft/hard interfaces of bulk phases [35] and others with

non-shearable precipitates (multiphase structured materials) [110-112], or LS passivated thin
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films (with film—oxide/nitride/sulfide interfaces) [113-115]. This is because the strain
hardening in homogeneous materials is governed by the forest dislocation hardening (mutual
trapping and accumulation of statistically stored dislocations (SSDs)), while strain hardening
in HSMs is controlled by HDI hardening, i.e., the pile-ups of GNDs. This means that the
contribution of HDI to the total hardening in HSMs is always higher than that of dislocation
hardening [17]. This was demonstrated by the higher HDI stress due to GNDs pile up in HS
copper [107] compared to pure Cu [116], where the Bauschinger effect was minimal. An
experimental approach to estimate the contribution of HDI stress during unloading-reloading
loops in tensile tests has been reported [19]. This methodology firstly considered only the
contribution of back stress, being renamed HDI stress due to the simultaneous contribution

of forward stress, which collectively affects the flow stress [20].

From the unloading-reloading curve, the HDI stress can be estimated using the Eqg. (3) and

Fig. 5(a) [19]:

Op = —Gr; 2 3)

where oy and or are the unloading and reloading yield stress defined in the unloading-
reloading stress-strain curves in Fig. 5(a). The Eq. (3) assumes reversible GND pile up
structures during the unloading-reloading process, keeping the HDI stress approximately
constant. This methodology was proposed to reduce the measurement errors of previous
models, where an arbitrary plastic strain offset was used to determine oy and o [94,117,118].
Instead, the or and oy from Eq. (3) can be estimated by the slope from the linear elastic

segments of the unloading-reloading curves indicated in Fig. 5(a) [19]. This improvement
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considers that the slope reduction fraction is directly proportional to the volume fraction
undergoing perfect plastic deformation without contributing to the elastic strain. Besides, the
slope from the stress-strain curve is a more accurate parameter than the strain for estimating

or and ou. This is demonstrated in Fig. 5(b) by the slow scattering in HDI stress when

considering 5, 10 or 15% slope reductions to estimate the or and ou.
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Fig. 5. Representation of the unloading-reloading method to estimate the contribution of
hetero-deformation induced (HDI) stress. (a) Representation of the unloading-reloading
loop for estimating the unload yielding oy, reload yielding or, HDI stress o, effective
unloading elastic modulus Ey, and effective reloading elastic modulus E; considering that
ouwo IS the is the initial flow stress at the unloading strain e, (Adapted from [19]). (b) HDI
stress with increasing &, for a GS interstitial-free (IF) steel, where 5, 10, and 15 %

represents the use of 5% slope reduction from the effective elastic modulus [19].
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Among the limitations of this method are the materials with very short or not clear linear
segments, in which case it is suggested to use the slope of the initial elastic loading curve
before yielding for the estimation of the o and ou. Moreover, the assumption of reversible
GND structures during the unloading-reloading cycle might not satisfy materials with high
HDI stress, where the or may be lower than the oy, which lacks physical sense. To overcome
this drawback, it is suggested to stop the unloading process and start the reloading above a
certain stress that satisfies the assumption of Eq. (3). The design of an improved method or
systematic corrections for estimating HDI stress is an opportunity for future efforts and will

also enhance the study of HS SS properties.

2.4 Influence of stacking fault energy in HSMs

On the other hand, the SFE strongly influences the generation of HDI strengthening. It is
known that FCC metals with high SFE promote the cross slip of Shockley partial dislocations
(from screw dislocations dissociation) [119], which simultaneously reduces the likelihood of
GNDs piling up [4]. This occurs due to the separation between partial dislocations must be
shortened to allow their pinching in the original slip plane and extend them to an intersecting
cross slip plane under applied shear stress [120,121]. The wide stacking faults, which are
bordered by partial dislocations, provide them with primary slip planes for planar slip arrays
[120] and the formation of GND pile ups. The highest the SFE, the lowest the splitting of

dislocations and the highest the occurrence of cross slip [120].

27



For HSMs, it is convenient to have a low SFE to obtain the widest stacking faults [35] and
highest strain hardening [120]. Taking the 304 SS as a reference, the high amounts of Cr and
Ni lower the SFE [122] to an estimated value of 16.8 mJ m2[121], which is quite lower than
the reported for other materials as Ni (150 mJ m2), Cu (80 mJ m™2), or Al (200 mJ m2) [123].
As shown in Fig. 6, in SS (low SFE), the dislocations dissociate and form stacking faults
instead of forming dislocation cells, allowing the formation of GND pile ups. A stress
concentration equal to nz, where n is the number of GNDs in the pile up and ta is the applied
shear stress, will be obtained at the head of the pile up [20]. For a homogeneous SS with
relatively uniform grain sizes, where the flow stress (os) between both soft and hard
coexisting zones is similar (osa ~ osg, from Fig. 6), the stress concentration might push the
leading dislocation to transmit across the grain boundary. In this case, the generation of long-
range stress (back and forward) will be weakened, being the reason for the annulled stress

represented by the solid black line in Fig. 6.

The HSMs with low SFE present a different behaviour from their homogeneous
counterparts. The stress distribution of the long-range stress in HSMs (csa > osg) can be
observed in Fig. 6. The GND pile ups produce high back stresses in the soft zones and
forward stresses in the hard zones, collectively producing high HDI stress. In addition, the
GND pile ups also increase the storage dislocations capacity, which might be related to the
large storage energy from plastic deformation in low-SFE materials [124] and their
significant Bauschinger effect. Nonetheless, if the difference of flow stress between both

zones is too high (osa >> osg, from Fig. 6), voids might be formed at the boundaries. This
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may lead to premature failure, lowering the ductility. This can be the case of SS with brittle
secondary phases [125-128]. For comparison, the dislocation behaviour in a high-SFE
material can also be observed in Fig. 6. It is governed by dislocation accumulation, formation
of dislocation tangles, spatial re-arrangement for dividing into cell blocks, which due to the
tapping of glide dislocations, are sub-divided in dislocation cells (or incidental boundaries)
[129]. As discussed above, cross slip will be favoured, and the HDI stress from GND pile

ups will be neglected.

The occurrence of cross slip might also be related to the short-range microstructural order
and the presence of nano second-phases with an ordered atomic structure, as well as with the
increment of friction stress [130,131]. This was recently observed in medium-high SFE
FeCoNi alloys with short-range ductile nano-intermetallics, which showed superior

strengthening and ductility due to both HDI and forest dislocation strengthening [132].
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Fig. 6. Typical dislocation behaviour and their influence in the effectiveness of hetero-

deformation induced (HDI) stress in high (blue dotted line) and low (green dotted line)

stacking fault energy (SFE) coarse-grained materials, as well as heterostructured materials

(red line) with inherent low SFE. os represents the flow stress of zones A and B coexisting

at the microstructure. ta is the applied shear stress and n is the number of geometrically

necessary dislocations (GND) in the pile up, ntais the stress concentration.
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Besides, the SFE of SS promotes the martensitic transformation and twinning that occurs
at SFE below 20 mJ m? and from 12 to 45 mJ m?, respectively [130,133-135]. The
overlapping of stacking faults also triggers the formation of twins or stacking fault bundles
[136], generating other simultaneous grain refinement and strengthening mechanisms [121].
This is the reason why the deformation twinning mechanism usually plays a key role in low-
SFE materials [137], while the higher dislocation mobility in high SFE materials triggers the
multiplication and migration of SSDs (forest dislocation mechanism) [123]. The deformation
twinning is more used to occur at high strain rates and low temperatures, which increases the

strain hardening of low-SFE materials under such conditions [121,138].

In summary of section 2, the main intrinsic characteristic of HSMs is the HDI
strengthening as the major contributor to the global strengthening of the alloy. The
microstructural features that encourage the occurrence of HDI strengthening are shown in
Fig. 7(a). Those features are an ideally total constraining of the soft zone by the hard one and
a difference of flow stress of at least 100% between both zones. Both constraining and
mechanical mismatch are necessary to maximise the strain partitioning in the HSM, which
will prompt the formation of GNDs. Lastly, the formation of long-range stress, i.e., back and
forward stress, will be produced by the GNDs pile ups. As explained before, the formation
of GNDs pile ups is a consequence of planar slip in low-SFE materials. The effect of those
features of HSMs can be observed during mechanical properties assessments like tensile tests

(Fig. 7(b)). Prolonged necking due to continuous increment of strain hardening will be
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observed in the stress-strain curves. Additionally, the highest the Bauschinger effect
evaluated through the unloading-reloading (section 2.3), the highest the HDI stress. As a
result of the above, the mechanical behaviour of HSMs will not be correctly described by the
classic ROM. Instead, the modified ROM (section 2.2) should be used to consider the

contribution of the synergistic strengthening proper of HSMs.
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Fig. 7. Summary of microstructural features that encourage the occurrence of hetero-

deformation induced (HDI) strengthening in heterostructured (HS) stainless steel (SS). (a)
Distinctive features and (b) typical mechanical behaviour of HS materials (HSMs). os is the
flow stress of hard or soft zones. SFE is stacking fault energy. o, €, or, and oy are strength,
strain, yield strength during reloading and yield strength during unloading in tensile tests.

Ip and f are intrinsic properties and volume fractions of soft or hard zones.
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3. Applications of HS stainless steels (SS)

Stainless steel is widely used in several industrial, structural, daily, and biosafety
applications due to its excellent properties and low cost compared to other materials. This
includes magnetic recording, hot spot detection, and stents for magnetic drug targeting,
needles, scalpels, forceps, temporal dental and orthopaedic implants, and coronary stents
[136,139-141]. SS is also highly applied in the nuclear field, aerospace and manufacturing
because of its excellent corrosion and oxidation resistance [142]. However, many of those
applications have reported failure mainly due to insufficient strength/ductility ratio during
service, corrosion, and fatigue [87,140,143-146]. Therefore, improving its mechanical

properties has been of great interest to researchers and industrial communities.

Due to the above, many studies have been published regarding surface modification of
steel using processes like nitriding, carburizing or thermo reactive diffusion (TRD) [147],
among others. However, tailoring of the microstructure without chemical interventions has
gained attention because of the possibility of joining outstanding mechanical properties
without affecting other properties of interest for the multiple applications of SS. As seen in
section 1, HS microstructures greatly decrease the trade-off between the strength and ductility
of stainless steel. Moreover, some of the utilized processes for producing HS SS, such as
mechanical attrition, shot peening, and other strike-base surface processes, increase the
fatigue and corrosion resistance [32,136,137,148]. This is related to the compressive surface
stress state delays crack initiation and propagation, as well as due to the uniform, compacted

and well-adhered passive layer in fine-grained SS [108,136,149]. Previous possibilities are
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not attainable by conventional homogeneous materials. Besides, one of the biggest
advantages of HS SS is that they can be produced using conventional industrial technologies

and therefore be commercialized at a low cost [4].

Among their applications, HS SS can be used as superior structural materials in different
industries because the high strength obtained reduces the weight of structural components,
and the improved ductility helps to maintain the good safety of the structure. From the above,
HS SS is a promising next generation of metallic materials for aerospace engineering
applications and energy-efficient vehicles, for example, electric cars [4,5,150]. HS SS can
also be used for biomedical applications because its improved corrosion resistance produces
a better biological behaviour, increasing biocompatibility [151]. In addition, its enhanced
pitting corrosion resistance makes it suitable for applications in instruments that are
immersed in natural seawater [90,152]. Furthermore, cellular harmonic structured SS made
by additive manufacturing (AM) techniques are promising as structural materials for nuclear
reactors due to their high density of interfaces (sub-grains and nano-inclusions), serving as
sinks for He atoms, as well as improving the hardness and radiation-induced swelling
resistance of the SS [153,154]. Besides, AM SS parts have shown high hydrogen
embrittlement resistance, which made them suitable for devices and infrastructure for
hydrogen production, storage, transport, and utilization [155,156]. Heterostructured SS can
also be coated to improve the thermal efficiency of high-temperature service components,

e.g., gas turbine, nuclear fusion, diesel, jet and space shuttles engines [157].
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Heterostructured SS could also find application as a novel catalyst of high performance in
the form of porous stainless steel, in which meso-and nanoporous could enable improved
catalytic performance with increased mass/heat transfer efficiency. The large specific surface
area and pore volume could improve the contact efficiency between active components and
molecules, facilitating the adsorption and reaction [158]. In addition, porous SS could
provide an alternative to proton exchange membrane fuel cells because it can act as a catalyst

and current collector [159].

There is plenty of room for future applications of HS SS. This review paper exhorts the
scientific community for joining multi-disciplinary efforts in the matter of multi-functional
HSMs. One example of the above is the immediate challenge of reducing the high risk of
infections due to multiple microbes. The covid-19 pandemic made evident the need for more
research regarding antibacterial and biosafety materials. Although some antimicrobial SS
have been developed [160-168], including one HS [53], the physics underlying their
mechanical behaviour has not been developed. This is an essential issue to cover for the
scaling of new materials. Multiple SS for magnetic, electric, biological, and biosafety
purposes can be combined with HSMs' virtues for broadening their applicability and service
life. In summary, there are broad potential applications of HS SS in several industries to
improve, or even replace, many current materials for more efficiency, biosafety, and low

cost.
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4. Microstructural features of HSMs

This section critically discusses the microstructural characteristics of the reported HS SS
following the classification indicated in the introduction (section 1) of this review. The
microstructural features described in this section will posteriorly be correlated to the
crystallographic texture, mechanical properties, corrosion behaviour, and other main
properties of HSMs in sections 5 to 8. Aiming for clearance and order of this review, the
reports cited in section 4 were classified into one of the six classifications of HSMs (Fig. 2)
following the hierarchy of introduction of chemical gradients (due to combination of different
materials and not phase transformation during the thermomechanical process), grain colonies
morphology and their morphological confinement. However, the microstructural features of
some HS SS can meet the characteristics of multiple classifications of HSMs. For example,
a high nitrogen duplex SS processed by 80% CR and subsequent short-time annealing
reported multiphase, bimodal, and lamellar morphology microstructure [169]. Thus, the
previous work can be classified as multiphase structured, multimodal structured, or HLS
materials, although, following the explained hierarchy, it was included in section 4.4 of

multiphase structured SS.

4.1 Heterogeneous lamella structures (HLS)

Heterogeneous lamella structure (HLS) refers to two-dimensional elongated
morphologies of zones or defects (such as twin bundles) colonies in the matrix with different

microstructures. A representative microstructure was schematized in Fig. 2. Typically, CG
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zones are surrounded by NG or UFG zones, which allow effective mutual constraint and
strain partitioning in such materials. As explained in section 2 (Fig. 7), those features generate
effective HDI strengthening and HDI strain hardening. The HDI strengthening can be
synergistic with solid solution, dislocation accumulation, phase-transformation induced
strengthening, increment of grain boundaries density, or twinning strengthening to improve
mechanical behaviour even more. However, as seen in section 2.2, the HDI is the dominant
strengthening mechanism in HSMs. For HLS SS with effective HDI strengthening, the HDI

stress at the zone boundaries follows the behaviour explained in Fig. 3 (section 2.1).

Different thermomechanical routes can produce the HLS materials, mainly by combining
rolling-based processes with partial recrystallisation heat treatments, i.e., short-time
annealing [21,23,173-175,25,37,53,55,150,170-172]. The use of conventional and low-cost
processes results on feasible and cost-benefit materials with outstanding properties for
multiple applications. Besides, the microstructure of HLS materials can be easily tuned by
modifying the time and temperature of annealing [40]. It is noteworthy that achieving UFG
or NG microstructures by severe cold rolling, which is a conventional technique, is possible
in low-SFE SS due to the grain refinement is accelerated by the deformation twinning
mechanism [176]. This is, the mechanical twinning with narrow boundary spacing (~20 nm)
contributes to the fragmentation of CG [176-178]. Besides, twinning accumulates strain
retention and constrains the adjacent grains. Thus, deformation twinning can be utilized to
enhance the strength and improve the ductility of alloys by providing additional slip systems,

i.e., twinning induced plasticity (TWIP) [25,27,134,178,179]. Furthermore, the obtaining of
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strain-induced martensite (SIM) and the consequent TRIP effect are firstly lead by twinning
interfaces as nucleation sites [180]. Thus, the application of the conventional
thermomechanical processes for producing low-SFE HS FCC metallic materials might result
significantly different from their application in high-SFE FCC metals [181]. Considering that
the chemical composition is not altered during the elaboration of the HLS SS, these materials
might have potential uses when combined with other important properties. An example of

cutting-edge HS designs is the antibacterial HLS 304 SS [53].

The typical microstructural evolution for obtaining HLS SS by CR and short-time
annealing is described in Fig. 8. The as-received condition is usually characterized by nearly
equiaxed CG and micro-twins from annealing (Fig. 8(a)). As explained in section 2.4, the
inherent low-SFE of SS encourages the formation of twins. Since the primary cold-working
stage, the CG elongates in the flow direction, and the density of micro-twins, dislocations,
and low angle grain boundaries (LAGB), also known as subgrains, increases. As shown in
Fig. 8(b), further deformation leads to an increase in the formation of shear bands (SB) [182].
The SBs formed boundaries across the lamellar CG at 45° to the flow direction [177].
Posteriorly, NG zones were obtained by two main mechanisms, shear fracture and sub-
division of nano-twin bundles [25]. Resulting in nano- a'/y grains and nano-twin bundles,
respectively [21,25]. The first mechanism consists of shear fracture of micro-twins and
austenite within shear bands, resulting in nano-twin/nano-grain lamellas. While the second
mechanism was caused by the accumulation of dislocations at twin boundaries, dividing the

twin/matrix regions in blocks and changing their misorientation. Nonetheless, the
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deformation initiation is encouraged by the grains and crystallographic planes with a lower
Schmid factor, which results in smaller resolved shear stress for those slip systems [183].
Considering that twin boundaries have less energy than high-angle grain boundaries (HAGB)
and shear bands (due to less local strain and lower stored energy) [184], the stored energy in
nano-grains was expected to be higher than that of nano-twin bundles. This was confirmed
by annealing treatment, where recrystallisation started in the shear fractured nano-grains (Fig.

8(c)) [21,25].

Besides, nano-twin bundles persisted when mostly NG zones were recrystallised [21,25].
Slight NG coalescence due to grain boundary migration [185] occurred in the unrecrystallised
regions. As a result, austenite single-phase HLS microstructures conformed by nano-twin
bundles, nano-grains, lamellar CG, and recrystallised grains embedded in an NG matrix were
obtained (Fig. 8(d)). It should be clarified that the «' formed during the deformation processes
was reversed to austenite during the annealing treatment. A high density of zone boundaries
was formed from the presence of nano-twins, nano-twin bundles, shear bands, and NG/CG
interfaces. As a result, multiple strengthening mechanisms might be combined to obtain
tough HLS 316 SS. Also, the HDI strengthening from the effective formation of GNDs piling
up, the encouragement of HDI stress, and strong strain partitioning. The final mechanical
properties will be deeply explained in further section 6. The representation of the distribution
of GND pile ups at the zone boundary and their experimental observation are shown in Fig.
8(d,e), respectively. For a longer annealing duration, both nano-grains and nano-twin bundles

disappeared, obtaining CG microstructures that lost the qualities of HSMs (Fig. 8(f)). The
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last recrystallisation stages may occur in narrow SBs in the lamellar CG. From Fig. 8(g,h),
annealing up to 20 min at 760°C, or more than 40 min at 750°C, at least 80 vol.% of
recrystallised grains was obtained ina 316L SS [25]. The described microstructural evolution
was later confirmed by reproducing the same experimental methodology and comparing 70

to 85% CR before annealing the HLS 316L SS [23,150,174].
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Fig. 8. Microstructural evolution representation of a 316L stainless steel (SS) from (a) the
as-received coarse condition, (b) after being 85% cold rolled (CR), (c-e) heterostructured
by 85% CR + 750 °C annealing for 10 min, and f) fully recrystallised after 85% CR + 750
°C annealing for 25 min. The (d) representation of the formation of GND pile ups at the

zone boundary in HS 316L SS and (e) their observation by electron microscopy, as well as
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the (g-h) grain size evolution at different annealing times and temperatures are also shown

[21,25].

Similar processing routes (CR + short-time annealing) from the below explained have
been applied to obtain HLS 304L SS and 304 SS [37,53,55,170-173]. However, the
microstructural evolution from the CR is different compared to the previously explained for
the 316L SS. While the CR in a 316L resulted in 26.4 vol.% of SIM [21], the SIM in CR
304L and 304 SS resulted in ~55 to 80 vol.%, respectively [53,55,170,171]. As explained in
previous section 2.4, low SFE values encourage the occurrence of SIM [135]. Due to
chemical composition differences, the 304, 304L and 316L SS have SFE values of 17-18 mJ
m2, 18 mJ m?, and 52-64 mJ m?, respectively [29,37,184,186]. The lowest SFE value of
304L SS compared to that of 316L SS explains the higher SIM occurrence in the first. It is
worth mentioning that a higher SIM occurrence can also be triggered by cryorolling due to
the dependence of SFE on the temperature in different steels, including SS [187-189]. One
example of this was a 316L SS with 87 to 91% of « after 20 and 30% thickness reduction
by cryorolling [190]. These .’ percentages are high compared to the 26.4% of o’ obtained in

316L SS with 85% thickness reduction by room temperature rolling [21].

Different techniques other than CR might be used to obtain NG/UFG microstructures to
be subjected to partial annealing to induce early stages of recrystallisation. Examples of the
above are the use of electropulsing treatment (EPT) at different temperatures or discharge

voltages to induce heterogeneous grain growth [191,192], as well as hot rolling [193] or DPD
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[25,36]. Despite multiple differences between both processing routes, similar microstructural
evolution has been reported in 316L SS processed by CR and DPD [21,25]. With the
maximum strain applied (equivalent strain of 1.6 in DPD and 85% reduction in CR), the
microstructures were mainly characterized by nanotwins and NG matrix, as well as transverse
grain size average of about 40 nm, twin/matrix lamellar thickness of about 20 nm, YS from
about 1420 to 1460 MPa, and uniform elongation near to 2% [21,25]. The main features of
both processes should be described to understand those similarities. Rolling and DPD subject
the material to frictional shear stress and compressive stress, respectively [194,195]. Besides,
they induce different equivalent deformation at different strain speeds in the material. DPD
was applied up to an equivalent strain of 1.6. The equivalent strain in rolling is a function of
reduction, rollers diameter, initial thickness, and friction coefficient [196]. Considering the
typical friction coefficient of 0.4 [174,197,198] for the rolling without lubricant, as well as
the diameter of rollers of 400 mm [21], the surface equivalent strain can be higher than 8
[196]. Besides, DPD is recognized as an adiabatic process when applied at high strain rates
[25]. The similarity might be explained in terms of the Zener-Hollomon parameter, Z, which

can be expressed by Eqg. (4) [199].
InZ=Iné+= @)

where the Z is useful for describing the collective effect of true strain rate (&) and temperature
(T) on the flow stress during plastic deformation at or below room temperature of metallic
materials. Q is the operational thermally activated process's activation energy. Considering

that grain boundary diffusion dominates over lattice diffusion during cold working [200], the
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activation energy for grain boundary diffusion of 316 SS (177 kJ mol1™) was considered
[201]. The deformation temperature, T, was considered 293 K during CR and from 313 to
329 K for DPD [25]. For last, R is the gas constant with a value of 8.31 J mol™* KX, From the
above, values of In Z of ~69 and from ~71 to 73 were obtained for CR and DPD processes,
respectively. Those values are nearly similar for both processes, explaining the similarities

between the microstructures obtained by both cold work deformation routes.

Regardless of the route to create the starting NG/UFG microstructure, the phase reversion
(o’ to y) that occurs during annealing is a critical process to understand. The CR 304L SS
showed a shear reversion (or diffusionless) process for transforming SIM into austenite
during annealing [53,173]. Contrastingly, the CR and DPD 316L showed features of a
diffusional reversion mechanism during annealing [21,25,190], while the CR 304 SS showed
the presence of diffusional, shear, or combined reverse mechanisms [55,170-172]. This can
be related to multiple factors as the chemical composition differences between 304, 304L and
316L SS, as well as the different annealing conditions reported in each work. Diffusional
reversion in 304 and 304L sheets was reported for an annealing temperature range from 550-
650°C [171,202,203], while the shear reversion process might be activated up to 750°C [171].
It is noteworthy that reversion process used to occur at about 100°C  below the
recrystallisation temperature of SS [204]. Moreover, the diffusional reversion process was
reported for annealing with heating rates less than 10°C s*. This is due to the starting and
finishing critical reverse temperatures increasing with the heating rate in a 304 SS [55,170].

However, at heating rates over 40°C s, both critical temperatures remained constant, which
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indicates the occurrence of shear reversion [55]. A combination of both diffusional and
diffusionless reverse mechanisms occurred with heating rates between 10 to 40°C s [55].
Another related factor for the occurrence of different reverse mechanisms is the Cr/Ni ratio,
which has a strong effect on the Gibbs free energy and, consequently, on the SIM reversion
temperature [202,205]. Ratios of Cr/Ni of ~1.6 favour the shear reversion mechanism, while
ratios of ~2 trigger the diffusional reversion [202]. Furthermore, Mo (a-stabiliser) increases
the minimum temperature for shear reversion to occur [190], being the reason for faster SIM
reversion kinetics in the 304L SS compared to that of 316L SS [206,207]. The previous
factors explain the occurrence of different SIM reversion mechanisms under different

chemical compositions and annealing conditions on different SS.

Confirming the above, an HLS of 304L SS with Cu addition showed the presence of coarse
grains surrounded by fine zones [53]. At low annealing temperatures (below 700°C), the
coarse grains could be formed by a diffusional reverse mechanism. When increasing the
annealing temperature, the shear reversion mechanism was dominant, which explains the
presence of dislocation-free coarse grains [53]. The shear reversion mechanism occurs by
recovery and recrystallisation of the deformed austenite. The presence of dislocations can be
expected after the reverse treatment [202]. The diffusion reverse mechanism occurs by
austenite grain nucleation and growth, resulting in nearly equiaxed microstructures [202].
Furthermore, after 1.5 h-annealing in the temperature range of 650-700°C, at least 6 vol.%
o' remained in the microstructure. The authors attributed this behaviour to the occurrence of

diffusional reversion followed by shear reversion [53]. This combination of reversion
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mechanisms could originate from the high thermal stability of SIM below 700°C in 304L SS
[172,208], as well as to the Cu addition that stabilises austenite and favors the shear reversion

mechanism [53,168,209].

4.2 Gradient structures (GS)

Gradient structured (GS) materials have been of great interest during the last years because
they render a unique extra strain hardening that leads to high ductility [99,210-213]. In GS
materials, the structure changes gradually from the surface to the interior, showing an NG
structure of tens of nanometers on the surface layer to a CG structure of tens of micrometres
in the centre of the sample [214]. A typical GS microstructure was shown in Fig. 9(a). The
microstructural gradient along the depth can be due to grain size, dislocation density, or
crystallographic texture [32]. Chemical composition can also vary as a gradient profile from
the surface but never distributed through all the bulk (in which case it would be a multiphase
HS SS, which will be described in section 4.4) [215]. However, most GS SS have been
focused on grain size gradients increasing from the surface to the centre of the sample, as
shown in Fig. 9(a). Therefore, GS materials combine the ultra-high strength of NG and the
high ductility of CG. This can be achieved due to the mechanical incompatibility among
NG/UFG/CG regions [103]. Significant strain incompatibility will occur among layers during
straining, i.e., inter-layer constraining, leading to unique crystallographic and mechanical
responses [99,216]. In GS subjected to strain, the CG matrix begins to deform plastically

while the NG surface remains elastic. The mechanical incompatibility leads to strain
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partitioning, which consequently causes macroscopic strain gradients, as shown by the solid
black line in Fig. 9(a) [217]. This leads to an increment of GNDs to accommodate the large
strain gradient near the migrating elastic/plastic interfaces and later the migrating
stable/unstable interfaces [217]. As a result, extra strain hardening in the overall GS material
will be obtained compared to the poor strain hardening capability of the NG zones and extra
strengthening compared to the soft CG regions [4,80,217]. As explained in previous section
2, multiple synergistic strengthening mechanisms can be active, such as TWIP, TRIP, SIM,
dislocation accumulation, and second phases, but HDI strengthening will be dominant for
HSMs [80,210]. The hardness of GS materials will be redistributed under straining from the
different mechanical responses between the NG, UFG and CG regions, as shown in Fig. 9(a)

by the solid magenta line [218].

Besides the ultra-high-strength, GS SS materials have superior fatigue life due to crack
initiation and propagation delay, which is a well-reported effect of compressive stress states
in industrial SS and other metallic components [148,219-222]. Besides, the NG surface gains
multiple industrial advantages over typical SS as improvement of corrosion resistance due to
the formation of a more efficient and adhered surface oxide layer [223], reducing the
formation of bacterial surface biofilms due to a minimized electronic surface interaction
[224], and increasing atomic diffusion with consequent better cohesion strength and wear
resistance of surface films [225]. Improvement of friction and wear resistance have also been

reported for GS materials [226]. In addition, GS materials do not need to introduce artificial
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defects or additional alloying elements to improve their properties. The superior properties

of GS SS will be deeply covered in later section 6 of this review.

The GS materials are obtained by a gradual decrease in the extent of cold SPD from the
surface to the centre of processed materials. Resulting in a decreasing gradient of hardness
and flow stress with the depth as shown in Fig. 9(a) by the blue dotted line [50]. The surface
nanostructuring techniques to produce GS SS are based on the application of high surface
compressive stress profiles and work hardening by repetitive local strains, i.e., strains in an
immediate small contact area that extends gradually to the whole surface. There are two main
mechanisms used for surface nanostructuring: 1) repetitive normal compressive strains at
high strain rates, or 2) inducing torsional or shear strain to the surfaces [227]. Examples of
the first group of techniques are shot peening processes [29,222,228-234], blasting
[224,235-242], SMAT [30,31,244-253,32,254-261,33,49,121,148,220,225,243], surface
mechanical rolling treatment (SMRT) [262-264], ultrasonic surface rolling (USR)
[62,265,274,266-273], ultrasonic severe surface rolling (USSR) [275], electropulsing-
assisted ultrasonic surface rolling process (EP-USRP) [265], ultrasonic nanocrystalline
surface modification (UNSM) [137,226,276], ultrasonic impact treatment (UIT) [213],
ultrasonic surface mechanical attrition treatment [277], ultrasonic peening (UP)
[223,226,229,278], ultrasonic impact peening (UIP) [279], laser-shock peening (LSP) [279],
air blast shot peening (ABSP) [226], waterjet peening [280], and the combination of previous

techniques with ceramic particles implantation [62,242] or coatings [225]. Among the second

49



group of techniques are torsional deformation [227], pipe inner-surface grinding (PISG)

[281,282], SMGT [283,284], and surface spinning strengthening (3S) [212].

From the mentioned techniques, the most employed have been SMAT and peening.
Among the differences between both processes is that the SMAT process involves confined
particles' motion with multi-directional colliding angles onto the surface [285,286]. As a
result, the strain path varies continuously, and various slip systems are activated. Interaction
between active and inactive (created in the previous strain path) dislocations is promoted and
assists on the surface grain refinement [260]. Besides, SMAT is an efficient, eco-friendly,
and cost-effective surface severe plastic deformation technique (S2PD) [50]. From the GS
profile, SMAT results in substantial surface strengthening due to work hardening, increment
of grain boundary density, and mechanical twinning strengthening [30,49,220,259,287,288].
Despite the contribution of HDI hardening in SMAT processed SS has been scarcely
recognized, the HDI was suggested from the improvement of strain hardening rate (and
necking delaying) caused by effective mutual constraining between the NG, UFG and CG
zones in a GS 304 SS [49]. Besides, the contribution of back stress in GS materials is well
established [217]. Moreover, the strong contribution of HDI to the total strengthening and
hardening has been clarified in a double-sided Cu GS [51], which has a GS distribution
similar to that of the GS 304 SS [49]. Remarkably, the contribution of HDI synergistic
strengthening (Ao, Eq. (1)) is a non-linear function of the volume fraction of the GS layer,

being reported higher at about 20% GS layer in GS Cu processed by SMAT [51].
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Fig. 9. (a) Typical microstructure and features of gradient structured (GS) stainless steels
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SAED patterns from the surface layer of a 301 SS treated by SMAT for (b,c) 1 min, (d,e) 5

min, and (f,g) 10 min. (b-g) Adapted from [31].

Among different types of SS, austenitic GS SS has been of special attention due to its
properties [31,50,288-290]. The grain refinement mechanisms in austenitic GS SS are related
to 1) sub-division of coarse grains by twinning and shear bands (SB), and 2) formation of
nano-sized o' due to phase transformation at high plastic deformation [148,226,260]. In the
first mechanism, as the austenitic SS surface layer is plastically deformed, SB and twinning
form from the surface to the adjacent layers. These defects (twinning, SB, and their
interfaces) are the primary deformation microstructures in GS materials, especially in FCC
metals with low SFE, such as SS. When twinning increases in density, twins in different
{111} planes intersect and fragment the y grains. This grain refinement mechanism is
comparable to the previously explained in section 4.1 for HLS SS materials. In the second
mechanism, the grain division progresses via newly formed o’ grains nucleated at preferential
sites as stacking faults, twin/twin, € or shear bands boundaries [121,234,291]. Thus, the grain
boundaries from the transformation of y to «’ divide the original CG into NG regions [231].
Furthermore, other secondary grain refinement mechanisms, such as grain rotation or grain
boundary sliding, can also be active to accommodate the strain [148,260].

Strain-induced martensite is a common result of surface grain nanostructuring in SS. The
vy to a’ transformation has been described as displacive transformation, in which the

rearrangement of atoms occurs through short distances movements in unison rather than
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diffusing individually over long distances and without producing volumetric changes in the
overall material [292,293]. Depending on the chemical composition of the SS and the
deformation conditions, the y phase (FCC) may directly transform to o’ or pass through the
intermediate e-martensite phase (hexagonal close-packed, HCP) [234,276]. The crystalline
structure of final martensite in steels can be either BCC or body centred tetragonal (BCT)
depending on the C content, the intersection or not of independent {111}, slip systems, the
lattice strain, and the stress state applied to the material [294-296]. However, some reports
found challenging results regarding the predictions by the classic Zener’s ordering model for
the formation of BCT instead of the BCC martensite in high-C steels [297], as well as the
formation of martensite from pearlitic steels instead of vy steels [295]. Thus, there is plenty of
room for future research about the thermodynamic conditions that govern martensite
formation in homogeneous and HS steels.

Several authors have studied the phase transformations described in GS SS
[103,231,233,298]. As an example, Figs. 9(b-g) show the transformation y-g-a’ (BCC)
occurred in a 301 SS treated by SMAT at different times [31]. For samples treated for 1
minute, a composite nano-lamellae containing y matrix and &, as well as twins, was obtained
(Figs. 9(b,c)). After 5 minutes of treatment, irregular UFG and NG «’ were produced and
embedded in the nano-lamellar matrix, which were identified by SAED patterns (Figs.
9(d,e)). After 10 minutes of treatment, there is a large amount of granular ' that replaces the
lamellar structure and is finally composed of y matrix, € and o’ with the presence of twinning
(Figs. 9(f,9)). The diffraction spots of the o' phase are significantly enhanced, indicating a

large volume fraction of o’ [103].
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It is noteworthy that, additionally to the zone boundaries generated from the mechanical
incompatibility between y and o’ interfaces, other mechanical incompatibilities can be
formed by twin/matrix interfaces, SB/matrix, and differences in crystallographic orientations
resulting from the y to o’ phase transformation [276]. Thus, the phase transformation during
surface nanocrystallization implies a crystallographic texture gradient with depth. Attrition
and peening generated a strong <110> and a weaker <111> texture on the surface of Cu and
Fe with an intensity that decreases with depth [299-301]. Some reports also hypothesised the
presence of weak cube <100> texture due to attenuated plasticity in dead-metal zones [299].
Similar findings were reported for GS SS by a tendency of y and o’ towards <100> and <111>
preferred orientations (Kurdjumov-Sachs orientation relationship
<110>,//<110>winel/<111>4- [302]) in 316L SS and 304 SS subjected to shot peening and
SMAT, respectively [49,303]. Deep analyses of phase transformation in SS have indicated
that the Kurdjumov-Sachs orientation is preferred after y-g-a’ phases transformation, while
the Nishiyama—Wassermann orientation (<110>,//<001>,) is preferred for y-a” and for the
starting of the y-e-a” transformation [276,291,304]. A critical discussion of crystallographic

texture of different HSMs will be deeply discussed in the following section 5 of this review.
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4.3 Layer structures (LS)

Layer structures (LS) refer to 2D composite-like heterostructures with hetero-interfaces
[4]. A representative scheme of LS's typical microstructure is shown in Fig. 2. The LS
materials are a special kind of composite materials where the thickness of every individual
layer varies from a few atomic layers to micrometres [4,305,306]. For an individual layer
with thickness down to 100 nm, the LS materials can be classified as nanolaminates,
nanolayered, multilayers materials or superlattices [305]. The mechanical properties of
nanolaminates are not determined by the ROM unlike the properties of conventional bulk
materials [307,308]. Different types of combinations have been used to obtain nanolayer
materials, such as ceramic-ceramic [309,310], amorphous-crystalline [311-313], metal-

ceramic [314], and metal-metal [315,316], among others.

The LS materials present chemical and stress distribution discontinuities across the zone
boundaries. The occurrence and significance of HDI strengthening in LS materials is closely
related to the grain size, grain morphology, crystallographic texture and chemical
composition that influence the strain partitioning at the hetero-interface, as well as to the
hetero-interface spacing and possible defects as porosity at the interfaces. It is well-known
that smaller grain sizes and sharp morphologies lift the mechanical strength of metallic
materials, being promising to create high strain partitioning at their interfaces with softer CG
zones. Lower porosity at the interface allows a stronger bonding strength between layers and

improves the whole LS strength [317].
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Different bottom-up (Figs. 10(a-d)) and top-down (Fig. 10(e)) methods have been used to
elaborate LS SS. Between the bottom-up techniques, physical and chemical deposition
methods as sputtering [318-320], plasma-spray [157], spray pyrolysis [321], sol-gel [321],
spin coating [321-324], closed field unbalanced magnetron sputtering (CFUBMS) [325],
hydrothermal methods [326,327], click chemistry [328], chemical vapor deposition (CVD)
[329-331], successive ionic layer adsorption reaction (SILAR) [332], atomic layer deposition
(ALD) [333], electrophoretic deposition (EPD) [334,335], electrodeposition [336,337],
thermal evaporation [338], thermionic vacuum arc (TVA) [339], ion-exchange [340],
electrosynthesis [341], plasma surface alloying (PSA) [342], or by a combination of different
techniques for applying several layers or doping [343-348] or for assembling them [349], as
well as AM [48,350-352] have been successful. The substrate of the first deposited layers
during bottom-up techniques commonly influences the stress state and epitaxial grain
growing (preferred texture) along the heat flow direction [323,324,333,345,350]. The stress
state, crystallographic orientation, chemical composition, grain morphology, grain size, and
thickness highly impact thin films' surface energy and properties such as magnetic, corrosion,
photoelectronic, and elastic, among others [324,353-355]. On the other hand, top-down
methods such as explosive welding [356], CR and HT [47] have been reported to produce LS
SS. Combinations of previous techniques can also be developed to trigger different
strengthening mechanisms through microstructure tailoring. For example, the use of AM
techniques with posterior CR and short-time annealing [357] or lamination and nanoparticles

printing [358].
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and (e) rolling of interleaved layers of two different SS [47].

=

Some SS macro-layer materials with micrometric to millimetric thicknesses have been

reported [351,352,356]. In these cases, the hardness depended on the morphological and
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chemical changes across the microstructure. Other authors reported strong strain partitioning
and delayed necking together with significant strengthening in some LS constituted by
multiple alternate micrometric layers [47,350]. As an example of the above, the LS 304
SS/420J2 SS resulted in a reduced trade-off between ductility and strength compared to each
constituent steel [47]. The authors explained the delay of necking based on the strain
partitioning between both steels. This caused different stress state in each layer, increasing
the strain hardening rate in the harder zone and the strength in the softer one. The significant
contribution of HDI strengthening to improve the mechanical behaviour of LS SS has also
been reported [350]. Some others reported decreasing mechanical properties due to macro-
segregation and brittle intermetallic phases [351]. A more detailed revision of the mechanical

properties of LS and other HSMs can be found in section 6 of this review.

Regarding nanolayer materials, SS substrates have attained much attention because of
their low cost and mechanically durability compared with those of other substrates such as
fluorine-doped tin oxide (FTO), indium-doped tin oxide (ITO), or glass [346,359]. Other
properties of SS substrates as high corrosion resistance [360], the possibility to reduce
hydrogen permeability by coating [320], and being a good conductor under alkaline
conditions [328] are also advantageous for multiple applications. Besides, SS substrates can
also act as a buffer supporting the improvement of adhesion and reducing the interdiffusion
of elements from the substrate [348]. Examples of applications of thin films on SS substrates
are household, including actuators, flexible sensors, biomedical devices, biosafety devices,

thermal sensors, marine environments, water treatment, hydroelectric energy, batteries,
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supercapacitor electrodes, among others
[323,331,362,363,333,335,341,344,345,348,360,361]. The mechanical and corrosion

properties of LS materials will be further developed in section 6 of this review.

4.4 Multiphase structures

The multiphase structured materials consist of microstructures with at least two coexisting
phases distributed in the bulk material with large flow stress variations between them. A
representation of the typical microstructures of multiphase structured materials is shown in
Fig. 11. Chemical composition differences through the soft and hard phases may help
differentiate the multiphase structured materials from other kinds of HSMs. Other HSMs,
such as multimodal structured, HLS, GS, and harmonic structured materials are used to keep
similar global chemical compositions throughout the whole sample, even across different
grain sizes or grain morphologies. Some local chemical variations, such as segregation or
atomic diffusion gradients, may be present, but the chemical composition and crystalline
structure remain similar throughout the microstructure. On the other hand, the LS materials
pile up regions with different chemical compositions in a very specific array, i.e., as parallel
layers. Different from the above, the distinct phases (zones with different chemistry and/or
crystalline structure parameters) on the multiphase structured materials can have any of the
array (or being random) except as layers. The possible arrays of multiphase structured
materials are shown in Fig. 11. The hard phase can be surrounded by a continuous soft matrix

(or inverse), similar contents of both phases can be randomly distributed through the
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microstructure, or they can have an interpenetrating arrange. Interpenetrating arrange refers
to interconnected and three-dimensionally continuous phases throughout the microstructure
[364]. However, an important question is still at the core of the correct identification of
HSMs. Is the coexistence of different phases enough to obtain a significant HDI

strengthening?. The example of an aged duplex SS will be used to clarify this concern.

(a)

I Hard region Soft region

Fig. 11. Representation of multiphase structured materials (a) hard core, (b) soft core, (c)
similar contents of randomly distributed hard and soft phases, and (d) interpenetrating

phases.

A duplex SS (ferrite + austenite) was obtained by artificial ageing at 400°C [52]. After
prolonged thermal ageing, spinodal decomposition of ferrite generated are (Fe-rich) and acr
(Cr-rich) phases, G-phase (silicide) was also obtained at the inner ferrite. The hardness of the
as-cast duplex SS showed a 2.7-fold increment after ageing for 10,000 h, which was related

to the formation of the acr phase and G-phase [52,365-367]. Nevertheless, the precipitation
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of intermetallic G-phase at the interfaces (preferred sites for cracking) leads to a toughness
reduction of 4.7 times of the total impact energy after 20,000 hours of ageing compared to
the as-cast condition. The likely reason for the negligible effect of HDI strain hardening in
providing additional ductility in the duplex SS could be the reduced strain partition between
the phases and, consequently, the reduced amount of zone boundaries in the microstructure.
The zone boundaries between soft and hard zones in the HSM require at least 100% strength
differences between them [76]. The hardness difference between ferrite and austenite in
duplex SS has been reported to be below 20% [368,369], being why these phases do not
accomplish the requirements for efficient strain partitioning. Moreover, the G-phase
intermetallic, which has been pointed out as a strong contributor to hardening in duplex Mo-
bearing steels [365,367], has a low percentage in the microstructure, providing insignificant
zone boundaries density. The zone boundaries density is an important factor since it promotes
mutual constraining between the soft and hard regions. As explained in Fig. 7, this is the
requirement for obtaining HDI stress [78]. Furthermore, ideally, the soft zone in HSMs is
surrounded by the hard one, maximising the occurrence of strain partitioning. However, in
the example of the aged duplex SS, the hard zone was heterogeneous and widely distributed
in the microstructure. Moreover, after 10,000 h ageing, the expected coarse grain sizes of

both y and « phases do not encourage the strain partitioning.

The above reasons explain why several multiphase alloys, including some alloys with
coarse phases, solute macro-segregations, or soft/low-content precipitates, do not meet the

requirements for a significant contribution of HDI strengthening and hardening. On the other
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hand, as seen in section 2.4, when the mechanical mismatch between hard and soft zones is
too large (case of osa >> osg in Fig. 6), failure might occur due to high local stress
concentration that might exceed the interface bonding strength and trigger cracking [125-
128]. Besides, if the second phase particles are so small, coherent, or there is a low
mechanical mismatch (case of osa ~ osg in Fig. 6), stress shielding occurs, and the matrix
leads to the mechanical performance of the overall material [370], promoting properties as
the fracture toughness but decreasing others as the contribution of HDI stress. This is the
reason why second phase nanoparticles with volume fractions homogeneously distributed
throughout the matrix are not used to be enough for decreasing the trade-off between strength
and ductility on SS [162,163,167,371]. So, as described in Fig. 7 (section 2.4), effective
constraining, at least 100% difference in flow stress, enough density of zone boundaries, and
low-SFE are required to reduce the strength to ductility trade-off in multiphase structured or
any other HSM. For multiphase structured materials with effective HDI strengthening, the
HDI stress at the zone boundaries follows the behaviour explained in Fig. 3 (section 2.1).
Besides, the coherency at the hetero-interfaces should be considered. While dislocations can
be dissociated at coherent interfaces, they might have a low diffusion through incoherent

interfaces [372].

Different processing routes can be used to produce multiphase structured SS. The
possibility of mixing low solubility components makes powder metallurgy (PM) and additive
manufacturing (AM) some of the most efficient techniques for making hard core, soft core,

or nearly equiphasic multiphase structured SS (Fig. 11(a-c)) [34,125,373-379]. However,
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traditional casting and ageing to precipitate second phases can also be useful to produce hard
core or soft core multiphase SS [160,167,380-383]. Different HT can also be applied to as-
cast or cold worked SS to obtain multiphase structured SS. Examples of the above are the
three generations of advanced high strengthening steels (AHSS) that control the
microstructures by using cold work and/or single-stage or multi-stage HT [384—388]. Based
on the already discussed low-SFE of SS, these materials boost the occurrence of SIM and
twinning induced-plasticity to assist in the improvement of mechanical properties in AHSS.
The first AHSS generation includes some SS as dual-phase (DP) or duplex, martensitic, and
TRIP steels [35,169,397-402,389-396]. Other SS are also included in the second generation
of AHSS, like metastable austenitic and TWIP SS [403-405], while the third generation
includes medium-Mn TRIP SS and quenching and partitioning (Q&P) SS [406-408]. To
elaborate interpenetrating multiphase structured materials (Fig. 11(d)) with SS as matrix
[409-411], reinforcement [412,413,422-425,414-421] or coating [426], preform porous
structures can be done by PM methods [409,411,419], AM [412,416-418,420,423], pressing
and sintering [410,413-415,422,424], squeeze casting [422], welding of mesh [421], freeze-
casting, or replication process, etc. Those preforms will be lately infiltrated with molten alloy
by high pressure die casting (HPDC), spring-driven centrifugal casting, capillarity-driven
infiltration, vacuum-assisted melt infiltration, etc. Different modelling efforts have been done
to study the elastoplastic behaviour and its relationship with different properties and damage

evolution of interpenetrating arrangements with SS as matrix or reinforcement [427,428].
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As explained in section 1 of this review, HSMs are an emerging field and the contribution
of HDI stress and HDI strengthening need to be further studied in diverse HS SS. Some
multiphase structured SS have been studied together with its HDI strengthening contribution.
An austenitic A13Cr multiphase structured alloy consisting of a 13Cr-5Ni-2Mo
supermartensitic SS with 8 wt.% Mn was reported [35]. The Mn content supported the
reduction of SFE of y, and with that, the formation of shear bands, which served as nucleation
sited for SIM and allowed a synergistic contribution of the TRIP effect. By CR and HT, a HS
constituted by UFG laths of y and a’, as well as equiaxed y embedded in micrometric y was
obtained. The multiphase structured A13Cr showed a reduced trade-off between strength
(923 MPa) and uniform elongation (UE, 28.6%) compared to the as-received (YS=912 MPa,
UE=9.2%) and quenched (YS=278 MPa, UE=51.2%) conditions. Considering a high density
of zone boundaries due to the coexistence of different order size zones, the encouragement
of GND pile ups, the TRIP effect, high grain boundaries density, and the solid solution
contribution, a strong synergy of various strengthening mechanisms could improve the
mechanical behaviour of the HS A13Cr alloy. The authors confirmed the contribution of HDI
stress by the unloading-reloading method (section 2.3). They reported values of HDI stress
ranged from 454 to 485 MPa at 3% strain, which was a strong contribution considering that
the flow stress is 955 MPa. Besides, the estimated HDI strength was estimated from 343 to

348 MPa from the modified ROM.
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4.5 Harmonic structures

Harmonic structured materials, also called core-shell materials, refer to microstructures
with CG cores surrounded by NG or UFG shells [42,429-432]. A typical harmonic
microstructure representation was included previously in Fig. 2, and a harmonic structured
304L SS is shown in Fig. 12(a). The harmonic structure is essentially a bimodal structure
with a specific three-dimensional (3D) periodic arrangement of CG and NG zones. As shown
in Fig. 12(a), the hard UFG/NG regions (shell) form a continuously connected network
surrounding the soft CG (core) regions in three dimensions [429]. Unlike the interpenetrating
multiphasic SS discussed above (Fig. 11 (d)), chemical composition variations between shell

and core zones are not essential for harmonically structured SS [41].

Previous description of harmonic structured materials might be met by microstructures
whether at local or volumetric ranges, i.e., by soft cellular structures surrounded by harder
high-dislocation density networks, all embedded in grains (Fig, 12(b)) or by colonies of soft
grains surrounded by the harder volumetric matrix that involves several grains (Fig. 12(a)).
The first type of HSM refers to dislocation networks in bulk materials that can be mostly
obtained by AM techniques [433-435], including laser powder-bed-fusion (L-PBF)
[154,436,445-454,437,455-462,438-444], selective laser melting (SLM) [153,156,469—
478,434,479-488,435,489-491,463-468], 3D printing [492], directed energy deposition
(DED) [485,493-495], wire-arc additive manufacturing (WAAM) [480], laser metal
deposition (LMD) [470], laser-aided direct metal tooling (DMT) [155], among others. The

dislocation density networks and/or their alignment can be mainly controlled by the scan
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speed and the temperature gradient direction during solidification, respectively [435].
Compared to other homogeneous materials, stainless steel with cellular structures obtained
by AM has reduced strength to ductility trade-off [434,435,456,460,462,469]. There are two
main paths to improve the strength-ductility relationship: 1) promoting dislocation
accumulation for improving intra-granular dislocation plasticity (e.g., grain refinement or
nano-twinned grains), and 2) HDI hardening already explained in section 2 [496]. A
significant strengthening due to forest dislocation has been reported in cellular harmonic
structured SS [497]. Other authors pointed out a significant contribution of long-range stress
(back and forward or HDI stress) to the total strengthening of a cellular AM SS
[462,486,495], as well as the dominant effect of GNDs on the strengthening of these materials
[450]. However, cellular boundaries can act as weaker barriers for dislocation motion
compared with traditional HAGBs [433], allowing the penetration of GNDs through the
cellular boundary and their annihilation with the opposite dislocations [486]. The scenario
with a weak cellular boundary might be similar to the case of osa ~ osg explained in Fig. 6.
The study of stress diffusion through the cellular boundary and its comparison with stress
diffusion along other zone boundary conformed by soft/hard grains interfaces remains to be
studied and simulated. Cellular networks might have higher energy and more structural
disorder than HAGBSs. Thus, they might have faster stress diffusion along the boundaries but
slower diffusion through the inside cells [498]. The thick dislocation network boundaries,
which can be of some tens of nanometers (insert of Fig. 12(b)), should also be considered.
Furthermore, the arrangement and interactions of the high density of dislocations inside the

cellular walls should be thoughtfully investigated [461].
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Furthermore, other authors correlated a pronounced Bauschinger effect with both back
stress and intragranular stress [459]. Moreover, as explained in section 2.2, HS SS is used to
combine different strengthening mechanisms. The contribution of different strengthening
mechanism on cellular harmonic structures, as well as different zone boundaries as
coexistence of grains with different dislocation density networks, heterogeneous grain size
distributions, second phase particles (precipitates and segregates), solute heterogeneity,
twinning, SIM, ceramic particle-reinforcement, among others
[433,435,461,462,469,473,476,483,485,486,492,494,440,495,497,447,448,451,453,454,457
,458] is still not completely clear. Plenty of research can be done to clarify the strengthening
mechanisms in cellular hierarchical HSM AM materials [433], including the interaction and
possible interference between GND pile ups formation, twinning, dislocation slip, and cells
boundaries [433,483,486,490]. As high densities of dislocation network boundaries are used
to limit the formation of twinning, the reduced occurrence of SIM due to lack of nucleation
sites for " is a common phenomenon in cellular AM SS during straining [155,156,468]. This
phenomenon might be beneficial for corrosion because martensite is used to be a preferential
active site [156]. A more detailed review of corrosion in HS SS will be developed in section

7.

Furthermore, the hierarchical dislocation networks or cellular structures from Fig. 12(b)
are different from the dislocation cells structures typical of wavy slip on many homogeneous
high-SFE materials (Fig. 6). The origin of dislocation networks in low-SFE harmonic

structured SS is the high temperature and grain growth gradients with low atomic diffusion
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during the high solidification rate and consequent thermal disorder of AM techniques [433—
435,479,485]. On the other hand, dislocation cells in medium- to high-SFE and other
homogeneous materials used to be related to dislocation accumulation during strain processes
with wavy or cross slip occurrence [129]. Despite their different origins, both dislocation
networks strengthen the alloy as a function of the cell size [433,460,479,499]. It was recently
reported that considering the grain size or the sub-grain size instead of the cell size for
estimations of mechanical properties from the Hall-Petch equation in AM 316L SS reduces
the calculation error [452,484]. However, the accumulation of SSDs in homogeneous
materials used to imply a significant sacrifice of ductility [500]. Nonetheless, dislocation
networks in AM SS contribute to obtaining extra strain hardening, i.e., extra ductility
[434,435,456,460,462,500]. This means that the dislocation and misorientation distributions
play a critical factor in the mechanical behaviour of HS metallic materials [500], including
AM SS [452]. Besides, it was recently reported that stacking faults (SF) can form from
dislocation dissociation inside the dislocation cells and contribute to strengthening the SS

[461].
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Fig. 12. Typical harmonic structured microstructure in stainless steel constituted by (a) a
volume of several grains and [42] (b) local dislocation networks hard zones surrounding the
soft zones [461]. (¢) Comparison with bimodal structure with same chemical composition
both different sintered conditions of those in (a) [42]. (d) Dependence of ultimate tensile
strength (0.2% proof stress) and uniform elongation on shell fraction in harmonic structured

304L stainless steel (SS) [41].
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Related to the materials which met the description of harmonic structured materials at
larger volumetric ranges, powder metallurgy (PM) is the main technique for producing
harmonic structured SS [429,430,501]. This technique involves mechanical milling, mixing
initial powders of different order sizes, and compacting them under controlled conditions to
preserve the HS microstructure. Some harmonic structured SS of 304L, 329J1, and 316L
have been created by powder consolidation methods [41,43,502]. The microstructure and the
properties of harmonic structured SS strongly depend on the volume/area fraction of
shell/core regions, the average grains size of coarse grains, and the size of the network shell
[502]. These factors can be experimentally controlled by changing the mechanical milling
and consolidation conditions [432,501,502]. The dependence of mechanical properties on the
volume fraction of shell in harmonic structured SS has been investigated [41]. Figure 12(c)
shows how the strength and uniform elongation change with the volume fraction of the shell
in harmonic structured 304L [41]. The graph shows that the 0.2% proof stress increases
monotonically when the shell fraction increases. However, at a shell fraction of 41%, the
ultimate tensile strength (UTS) reached a strength peak (744 MPa). A slight decrease in the
UTS was obtained with a further increase of shell fraction to 100%. Normally, the uniform
elongation decreases with increasing the UFG-structured. However, this dependence was
non-linearly in the harmonic structured 304L SS on contrary to the homogenous
microstructure. Namely, the increase of shell fraction from 21% to 41% led to a noticeable
enhancement in uniform elongation besides increasing strength. As a result, the harmonic
structured 304L SS containing 41% of the UFG shell regions was pointed as a favourable

structure for joining high strength and good ductility. Detailed information about the
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mechanical properties of harmonic structured and other HSMs can be found in section 6 of

this review.

Furthermore, in harmonic structured SS, the shell and core zones may have different
phases distribution due to heterogeneous heat distribution [502], but no chemical bulk
changes are common in this classification; those are reserved for multiphase structured SS.
An example of the above is a 316L SS with shell zones composed of NG y and o phases,
while its core zones are composed of CG y. It was observed that the UFG/NG v in the shell
region transformed to a phase during the mechanical milling SPD process and during the
solidification process, while the « in shell zones became UFG or NG y by reverse phase
transformation. Besides, some of the « acted as active nucleation sites to form the o phase

[502].

To clarify the difference between bimodal and harmonic structured materials, Fig. 12(a,d)
show two morphologies of 304L SS samples fabricated by spark plasma sintering (SPS)
under different processing conditions [42]. The microstructure of Fig. 12(a) was obtained
from compaction of UFG powders milled for 180 ks, while the microstructure from Fig. 12(d)
was obtained by compacting a mix of micrometric and UFG powders (milled for 360 ks). As
a result, both samples had a bimodal microstructure with different spatial distributions of soft
and hard zones. The microstructure from Fig. 12(a) shows CG zones surrounded by a
continuous network of the UFG region. Morphologically, this structure fully concurs with

the aforementioned definition of harmonic structured materials. On the other hand, Fig. 12(d)
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shows an irregular heterogeneous distribution of CG and UFG regions that corresponds to

the definition of bimodal structure (multimodal structured material).

4.6 Multimodal structures

The work hardening and consequent ductility of NG SS improved by incorporating small
or large volume fraction of CG into a UFG and/or NG metallic matrix [21,41,42,44,45,502].
The multimodal structured materials typically consist of a mixture and grain size distribution
of NG, UFG, and CG, as exemplified in Fig. 13. However, multimodal microstructures can
also be composed of grain morphologies with different aspect ratios [457]. These
microstructures significantly reduced the ductility penalization of NG materials when
increasing strength (Fig. 2). The multimodal structured materials deform by the same
mechanism described in section 2 for all HSMs, and the HDI stress is distributed at the zone
boundaries in the same way previously described in Fig. 3. This is, the soft (CG) zones sustain
much higher plastic strain than the harder zones, leading to a significant strain partitioning
when increasing the applied stress. This results in the generation of long-range stress (back
and forward stress) and increasing strain hardening, i.e., providing more ductility [503].
Those characteristics make the multimodal structured SS attractive for various commercial

applications.

The conventional and, in most cases, low-cost obtaining processes of multimodal
structured SS increase their potential for scalability. Bulk multimodal structured SS are

commonly synthesized through combined processing routes that can be described in two
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main approaches [41,45,46,429,500]. The top-down approach is based on thermomechanical
processing, including plastic deformation by conventional and/or SPD techniques followed
[504,505] or not [506] by HT. For example, after high-pressure torsion (HPT) processing and
post-HT, a bimodal austenitic 316L SS was obtained [505]. Usually, a phase transformation
from y to a” occurs during the plastic deformation of austenitic SS [507]. However, the o’
reverses to y after HT [508]. Therefore, multimodal structured SS might have different phase
compositions between the UFG and CG zones [509]. The second approach for producing
multimodal structured materials is the so-called bottom-up route, which is mainly based on
PM and AM methods consisting of mechanical milling of powders and consecutive bulk or
layer-by-layer consolidation, respectively [41,46,429,457,486]. The final multimodal
structured microstructure can be controlled by altering the degree of milling, the fraction of
milled and nonmilled powders in the mixture, as well as the consolidation (temperature, time,
pressure, laser power, layer thickness, laser scan rate, or hatching distance) conditions
[429,510,511]. In typical PM methods, mechanical milling is performed either by ball milling
(BM) or jet milling (JM) to achieve desired grain refinement and plastic deformation in
powders. Then, a mixture of NG and/or UFG milled powders, and as-received CG powders
consolidate together at appropriate temperatures to produce bulk multimodal structured SS
[41,46]. The sintering process can be performed using various techniques such as hot isostatic
pressing (HIP), hot roll sintering (HRS) [502], or SPS [42,46]. On the other hand, AM
processes are near net-shape processes that reduce or avoid further processing steps

[510,511].
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Recently, extensive research focused on the grain size distributions in multimodal
structured SS [42,45,512]. It was reported that processing of 304L SS by cold rolling with
subsequent thermal cycles at various temperatures resulted in a bimodal grain size
distribution in ranges from 300 to 1000 nm and from 1 to 2 um in UFG and CG zones,
respectively [45,512]. Ball milled combined with SPS is also a successful processing method

for producing a bimodal structure in 316L SS [46].
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Fig. 13. Typical features of multimodal structured stainless steel (SS). (a) EBSD orientation
maps and its (b) associated grain size distribution for the different regions indicated by blue
and red solid lines, as well as (c) STEM micrograph of an interface between CG and UFG

regions on a multimodal structured 316L SS constituted by 75% UFG and 25% CG [46].

The thermomechanical history of material strongly influences the phases distribution and
morphology of multimodal structured SS [507,508]. The y grains are gradually transformed
into the o’ structure during plastic deformation. On the contrary, the annealing leads to a
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reverse transformation of the o’ phase to vy structure [508]. The reversion of a’to y may occur
by two competing diffusional controlled and non-diffusional shear processes, which were
previously discussed in section 4.1. The prior SIM may significantly affect the formation of
austenitic multimodal structures in the austenitic SS [44]. It was reported that the morphology
of the reverted y is quite dependent on both the prior morphology of the «’ structure and the
mechanism of reversion [44]. For example, the reversed vy in the CR and annealed 304L SS
occurred by the shear mechanism, and the resulting structure had different grain sizes
dependent on the parent o’ structure [44]. The 304L SS was rolled up to 80%, then annealed
at 700°C for 300 min, forming a bimodal austenite structure. The observed bimodal austenite
grains were related to different types of martensite structures: lath and dislocation-cell types
in the steel before the annealing process [44]. Increasing the rolling reduction to 93% prior
to heat treatment at 700°C for 300 min led to changing the microstructure to a monomodal
grain structure. This occurred due to the rolling up to 93% produced UFG «’, which during
annealing acted as random nucleation sites for new y grains resulting in equiaxed vy grains.
The bimodal structure in 304L SS enhanced the ductility of the 80% rolled and annealed
sample while maintaining a high tensile strength compared to the 93% rolled and annealed

sample [44].

Recently, a novel route based on submerged friction stir processing (FSP) was used to
create bimodal grain size in austenitic 316L SS [506,509]. In this process, a rotating
cylindrical tool was plunged into the CG 316L SS sample with an average grain size of 22

pm, and the tool moved along the length of the specimen, creating a UFG structure with an
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average grain size of 0.9 um [509]. Alternatively, rotating the cylindrical tool at a specific
area on the as-received specimen produced a bimodal grain structure that contained fine
grains within a coarse-grained matrix. In this bimodal structure, highly fine grains with an
average of 500 nm were embedded among CG structures of approximately 10 um size. The
fine grains were «’, while the coarse grains were y. The volume fraction of a” was nearly
30% and 8% in bimodal and UFG specimens, respectively. The microstructural effect of CG,
bimodal, and UFG 316L SS on the mechanical properties will be deeply discussed in section

6 of this review.

4.7 Simulation

Although systematic experiments on different length scales have been carried out to study
the microstructure evolution as well as the deformation behaviour of the HSMs, the
modelling and simulation works are also important to reveal the underlying mechanisms of
HSMs during formation and deformation, such as the phase transformation, recrystallisation,
and mechanical responses. The state of the art of simulation methods has been developed to

analyze the HSMs at different length scales and deformation stages.

4.7.1 Heterogeneous phase transformation and grain growth
Multiphase structured materials with distinct mechanical contrast among different phases

can promote HDI strengthening [513]. As demonstrated above, to generate a sufficient strain
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partitioning within the zone boundaries, the production of the second phase with large
hardness contrast or high-volume fraction is critically important. The interpenetration of soft
austenite and hard martensite is one of the typical HS SS, resulting in a high fraction of zone
boundary regions. The multiphase-field model has proven that the volume fraction and spatial
distribution of retained austenite are determined by the partitioning of y-stabilisers (e.g.,
C/Mn in steel) [385,514]. Such partitioning is affected by the solute diffusivities, heat
treatment temperatures and times, and other thermomechanical histories [385,514,515]. FEM
simulation of SIM transformation, grain refinement, and grain growth in deformed and
annealed austenitic SS has been investigated [516] and can be extended to HS SS. Via phase-
field (PF) modelling of the effect of austenite grain size on martensitic transformation in SS;
it was reported that refining the grains led to the decreased martensitic transformation starting
temperature, indicating strengthening of austenite [517]. However, simulated fine grains gave
rise to higher martensite content during transformation than coarse grains. These models can

be applied to the complicated case of HS SS microstructure formation.

The microstructures with dispersed hard precipitates, including carbides, nitrides, Laves
phases or intermetallic compounds, among others, are the other category of multiphase HS
materials. The size and location of these precipitates depend on the driving force and
nucleation barrier during phase transformation. For instance, the polycrystalline simulations
in a duplex SS illustrate that the austenite-ferrite and the ferrite-ferrite phase/grain boundaries
are the preferred nucleation sites of the y-phase and sigma phase [518], which has also been

proved experimentally [519]. The cooling rate also influences the accumulation of elements

78



like Mo and Cr in the sigma phase, which leads to different volume fractions of the hard
second phase [518]. In addition, when the supersaturation is high or the nucleation energy
barrier is low enough (e.g., low lattice misfit across the phase boundaries), intragranular
nucleation could also be activated, leading to high density of nanoscale particles to promote
hetero-deformation [520-524]. Among various precipitates, micro-/nano-intermetallic
particles are most effective to enhance strength-ductility combination by obstructing the
dislocation movement and producing high back stress with large zone boundary regions
[513-515,518,520,521]. On the other hand, the pinning effect of the grain boundary
precipitates is important for grain growth, which has been simulated using a 3D Monte Carlo
method [525], showing good agreement with the experimental observations. Moreover, the
combination of FEM and PF methods for simulation of austenite grain growth has been
discussed by Shi et al. [526]. These models can be applied to the complicated case of HS SS
annealing. Therefore, modifying the alloy composition or heat treatments can optimise the

heterostructure for mechanical properties enhancement and grain growth inhibition.

Alloys with non-uniform grain sizes ranging from nanometres to micrometres also render
a synergistic strengthening effect and strain partitioning capacity. Various models have been
proposed to simulate the recrystallisation process in metals. Using the Monte Carlo (MC)
method, Srolovitz et al. showed that bimodal grain size distribution is a result of the pockets
of unrecrystallised grains surrounded by the growth of individual recrystallised grains
[527,528]. The stored energy, density of potential nuclei/embryos, and the fraction of

external particles [529] play important roles in the recrystallisation process. Raabe et al.
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further hybridized the cellular automation with MC to depict the detailed recrystallisation

processes, which agree with the experimental results [530,531].

4.7.2 Deformation and damage behaviour

Except for the formation process, another main issue of the heterostructured materials is
their complex deformation mechanism. By establishing a heterogeneous nano-zoned
heterostructure with random NG dispersed in a CG matrix, the crystal plasticity finite element
(CPFE) model showed a clear hetero-deformation phenomenon. On the one hand, the small-
sized or high fraction NGs effectively promotes the accumulation of dislocations in the CGs,
which increases the critical resolved shear stress (CRSS) of different slip systems and
strengthens the alloy. On the other hand, since the NG zones are harder than the CG ones,
the surrounding areas of NGs can store a much higher density of dislocation with smaller
plastic strain. Further analysis showed that such heterostructure also reduces the anisotropy
of strength in the material [183]. Similar results of the FEM simulation also proved that the
length scale effect and the unique spatial arrangement of NG-CG are the origins of the
strengthening effect of the harmonic structure, which represents the obstruction of the
dislocation motions by the boundaries [532]. The fine grains bear a high fraction of the
external load. In addition, the FEM simulation showed that the subgrain structure (e.g.
precipitates, etc.) also plays an important part in strengthening, which is highly dependent on

the alloy system [532].
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The stress and strain partitioning are also evident in gradient materials. A CPFE model
revealed that, in the cross-section of nano-grained GS metals, the axial tension leads to both
the gradient stress and gradient plastic strain across different grains, resulting from the
progressive yielding among different grains with gradient sizes under an overall uniform
deformation [533]. The high strain hardening capacity of the nano-grained GS steel stems
from the abundant GNDs in the NG layers [214]. Based on another multiscale physical model
incorporated with a dislocation-based stress/strain-gradient theory, it was shown that the
gradient microstructure exhibits a better combination of strength and ductility compared to
the same steel with homogeneous microstructures [77]. The banded nano-microstructure can
achieve even higher ductility by delaying strain localization [77]. The atomic-scale evidence
provided by molecular dynamics (MD) simulations confirms that the existence of gradient
grain size distribution effectively suppresses the shear localization. Compared to fine-grained
metals, where the plastic deformation is predominantly governed by grain boundary
movement, including grain rotation, grain boundary sliding, grain coalescence, etc.; or the
coarse-grained metal, where the plastic deformation is dominated by slip bands with large
localized atomic shear strain and high dislocation densities emitted from triple junctions and
free surfaces; the localized shear is effectively suppressed by GS structures at a high strain

level of 20% [534].

As shown in Fig. 14, not only does the gradient distribution of grain size (Fig. 14(b))
influence the yield strength and ductility of SS. Gradient distributions of twin spacing in

nano-twinned GS 304 SS (Fig. 14(c)) revealed a strong influence on the mechanical
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behaviour studied by a constitutive model [535]. This physics-based constitutive model was
further employed to predict the dynamic plastic deformation behaviour in the nano-twinned
GS 304 SS with different gradient distributions [536,537]. The mechanical properties of HS
nanostructured 316 SS have also been evaluated by the CPFE model [538]. They showed that
the deformation process of the HS 316 SS depends strongly on the tensile direction, and the
strength of the alloy increases with the volume fraction of the twin zones. The nano-twin and

lamellar inter-spacing also contribute to the strengthening effect [538].

In addition, MD simulations on the 316 SS suggest a correlation between grain size and
the forming probability of deformation twinning [275]. The larger grains are easier to activate
twinning during deformation [275]. MD is also useful in studying the rate-dependent
deformation behaviour of the HS alloys from the atomic viewpoint, which proved that the
GB strengthening and lattice-friction stress improve the yield strength of the HS alloys while
the back stress and dislocation contribute to the strain hardening [539,540]. By combining
gradient grain size and twin thickness, superior work-hardening and strength can be achieved.
Combined with experimental observations, the large-scale 3D MD simulations showed that
the bundles of concentrated dislocations form in the interior of the nano-twinned GS structure
during tensile deformation. In addition, the suppression of the Shockley partial dislocations’
movement contributes to the extra strengthening effect [98]. Consequently, the
heterogeneous structures at different length scales allow for a simultaneous high strength and

high ductility with extra work hardening capacity.

82



The mechanisms of damage nucleation and crack propagation are increasingly important
in HSMs. A CPFE model revealed that the damage does not necessarily nucleate at the
locations with the highest local strain (energy) values. Indicating also that the imperfect slip
transfer results in the extra residual dislocation in the boundary planes, and such slip
interactions arise damage nucleation [541]. PF modelling method has also been widely used
in simulating the cracking behaviour of HSMs. A PF model based on direct imaging and
digitalizing of microstructural features has been proposed. This model is meshed
independently and reproduces the crack path efficiently [542]. In more recent work, the
model was developed to track the fracture mode in the layered HSMs. It showed that the
materials’ mismatch ratio strongly influences the crack penetration and branching
mechanisms. The transition zone determines the crack paths and damage mechanisms when
the cracks cut across the interface [543]. By minimizing the output parameters and
assumptions, the spatial distribution, density, and propagation paths can be accurately
predicted without introducing the predefined crack location [544]. In a 3D model, it was
shown that the nucleation and propagation of cracks in the heterogeneous materials are highly
affected by the spatial distribution of the heterogeneity features [545]. Therefore, the
numerical model can provide useful insights into damage behaviour during the complex

deformation process.
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and simulated stress-strain curves of (b) nano-grained GS and (c) nano-twinned GS 304 SS

[535].
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5. Crystallographic texture

Texture is a microstructural description of a polycrystalline material [546,547]. It is
defined as the distribution of crystallographic orientations. In multiphase HSMs, comprised
of hard and soft phases separated by biphasic interfaces, the texture of the HSM is composed
of the texture of each crystalline phase. When the underlying mechanisms controlling the
mechanical properties of the HSM are crystallographic slip and/or twinning in the grains,
then the material texture, the crystallographic orientation of those grains relative to the
applied load direction, becomes an influential microstructure characteristic. This has been
observed in high dense twinned duplex SS, where the SIM occurrence showed a greater

dependence on the austenite texture than the grain size [548].

Material textures can be strong, meaning all grains are highly oriented in nearly one
direction or a few directions, or weak or non-existent, meaning all grains are nearly uniformly
distributed over the entire orientation space. The orientations that emerge and their intensity
are primarily the results of the processing method. Some HS SS processing methods, as AM,
allow texture tailoring by controlling the laser-scanning strategies [549]. However, other

processing routes do not allow such a straightforward texture control.

In HSMs, the texture can further be altered by the presence of biphasic interfaces. These
causes for texture are examined below through examples focused on FCC/FCC, BCC/BCC,
FCC/BCC, and in a few cases, HCP/BCC multiphase or LS HSMs systems. Due to scarce
information in the literature, these multiphase and LS belong to FCC metals other than SS.

However, the development and effect of crystallographic texture on mechanical and physical
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properties of HS SS are highly dependent on the crystallography of the active slip and
twinning systems. These factors are closely related to the crystalline structure, making it
possible to establish qualitative analogies between the effect of crystallographic texture in
different metals with the same crystalline structure. Thus, the HSM cases mentioned in this
section are analogous in many ways to the crystal structure combinations and low SFE FCC

phases encountered in duplex SS and precipitate-containing austenitic SS [550-553].

As mentioned, texture development depends on the fabrication process for the HSMs.
Figure 15 shows using {111} pole figures some unusually strong phase textures of FCC/BCC
or HCP/BCC LS materials, made either by deposition or metal forming [554]. In Fig. 15(a-
b), the physical vapour deposition (PVD) texture corresponds to a Cu/Nb LS film deposited
on a silicon substrate. The FCC phase is characterized by a strong {111} texture, meaning
the {111} poles are aligned through the thickness of the film. The BCC phase in Fig. 15(d)
bears a strong {110} texture. Figure 15(c) presents the phase textures of an Mg/Nb LS, also
formed by PVD. The Mg with an HCP crystal structure forms a strong basal {0002} texture,
and as in the deposited FCC/BCC system, the Nb phase bears a strong {110} texture [555].
These types of textures are common for FCC/BCC and HCP/BCC LS systems made by

deposition.
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Figure 15. Pole figures of Cu/Nb (FCC/BCC) and Mg/Nb (HCP/BCC) layer structured (LS)
materials. (a-b) Pole figures of the textures measured by neutron diffraction of the (a) Cu
phase and (b) Nb phase in the accumulative roll bonded LS (left), alone in a typical rolled
texture (middle) and in the deposited nanolayered composite (right) [554]. (c-d) Pole figures
of textures measured by XRD of (c) the Mg phase and (d) Nb phase in a Mg/Nb LS material
with layer thickness 50 nm [555]. In the Mg/Nb LS with 5 nm layer thickness, the Mg and

Nb phase textures are the same as those shown in (c-d).

The textures of the other Cu/Nb LS material shown in Fig. 15(a-b) were manufactured by
an SPD technique, i.e., ARB, which involves repeated rolling, cutting, and stacking at room
temperature [556]. The Cu and Nb phase textures in this SPD sheet are also strong, with the
{112} poles aligned through the thickness of the sheet [557]. Figure 15 compares their {111}
pole figures to show that despite being composed of the same two materials, Cu and Nb, the

textures are different from those of the PVD film by virtue of their distinct manufacturing
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processes. The texture of the HSM from rolling is not, however, as the rolled textures of
either phase when rolled alone. As shown in Fig. 15, classic rolled textures of FCC materials
(Fig. 15(a)) and BCC materials (Fig. 15(b)) are unlike those that developed in the HSM sheet
from SPD. Highly oriented sharp textures in the LS materials in Fig. 15 result from the
prevalence of both the a) crystallographic character of the biphasic interfaces and b)
unidirectional morphology of the layers (referred to as the morphological texture) across the

entire sample. These two aspects are discussed in turn below.

Like the PVD method that made the Cu/Nb and Mg/Nb HSMs in Fig. 15, many near-
equilibrium processing techniques produce biphasic materials with preferred internal
interfaces. These interfaces are favoured because they tend to have the lowest energy among
all possible interface characters, a descriptor that includes the crystallographic orientation
relationships and interface plane. Only a few such low energy interface characters exist, and
it is, therefore, common for one or at most two interface types to prevail ubiquitously across
the nanolaminates. The Cu/Nb PVD material contained the two most commonly occurring
interface orientation relationships for an FCC/BCC system: the Kurdjumov-Sachs (KS) and
Nishiyama-Wasserman (NW), and interface planes, the densely packed FCC {111} and BCC
{110} planes. These interfaces are often seen in duplex SS with ferrite grains, the austenitic

SS with martensite precipitates, and austenitic SS with ferrite precipitates [550-553].

The PVD method was also used to make a very fine 5 nm/5 nm Mg/Nb LS material. The
texture of both the Mg and Nb phase corresponded to the outstandingly strong textures shown

in Fig. 15(d). This material represents an extreme example of how the energy of the interface
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can change the texture of the laminate. In this case, the drive to create a low-energy coherent
interface caused a pseudomorphic phase transformation in the Mg phase. This phenomenon
causes one phase to adopt the crystal structure and lattice parameter of an adjoining phase
[558]. It results when the reduction in the interface energy outweighs the increase in the strain
energy when going from the incoherent HCP/BCC interface to the coherent BCC/BCC
interface. The critical layer thickness to transform HCP Mg to BCC Mg in an Mg/Nb
nanolaminate is estimated by density functional theory (DFT) calculations to be
approximately 5 nm [559]. The resulting Mg/Nb nanolaminate gains a low energy interface
and exhibits higher deformability since the BCC pseudomorphic phase of Mg is more ductile
than the stable HCP phase [560]. However, strong textures can lead to plastic anisotropy,
wherein mechanical response depends on the orientation of the applied deformation.
Compression or tension tests finds that the strengths of these LS materials are anisotropic,

being stronger when deformed normal to the interface than parallel to them [558,560].

Strong but different textures develop in LS HSM fabricated by thermomechanical ARB
processes. The Cu/Nb interface ubiquitous in the ARB processed sheet in Fig. 15(a,b) has the
same KS orientation relationship as those in the Cu/Nb PVD foil, but has a different interface
plane, namely the {112} planes of Cu and Nb [561]. According to atomistic calculations, this
interface has higher energy than the classic KS or NW interface (ranging from 650 to 850
mJ/m? compared to 576 to 586 mJ/m? for Cu/Nb) but corresponds to a local minimum in the
interface energy landscape and has a regular, periodic atomic structure [562]. Thus, its

selection is not arbitrary, and interface energy played a chief role, although not the only. This
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interface character dominated the ARB Cu/Nb sheet because it satisfied two constraints, 1)
the interface was energetically stable, corresponding to a local minimum, and 2) both
adjoining crystal orientations are geometrically stable with respect to the rolling deformation

[557].

The few interface characters selected because of HSM processing would not have led to
strong textures without the strong morphological texture. Due to the prevailing stacked two-
layer morphology, all interface planes are aligned with the through thickness direction of the
sample (e.g., foil, sheet). Only one or at most two crystals span the layer thickness when
layers are merely nanometers thick. Therefore, for all the crystals in the material, the normal
of the crystalline plane corresponds to the interface plane. Consequently, the texture of a
material with one or two interface characters, such as the deposited or rolled material, will

be comprised of only one or two predominant orientations, and hence will be strong.

As alluded to earlier, an important consequence of strong textures, consisting of relatively
few orientations or components is plastic or strength anisotropy. Tension testing finds that
the strengths of the ARB Cu/Nb nanolaminates are anisotropic, being stronger when
deformed along the TD than along the RD [563]. This texture-influenced anisotropy is also
responsible for enabling kink banding on subsequently compression tests, a mechanism that

is not common to metallic materials but common to fibrous or highly anisotropic ones [564].

The two processes discussed thus far, PVD and ARB, produce nanolaminates with a
pervasive layered architecture, i.e., LS materials. Another method for manufacturing

nanostructured metallic HSMs in bulk is thermomechanical treatments, which at the
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microscale produces a 3D hierarchical structure. Figure 16 displays the nanostructures of two
examples, one a Ag/Cu composite of eutectic 60/40 at.% composition and another, a two-
phase Zr-2.5Nb wt.% alloy. The Ag/Cu material shown in Fig. 16(a,b) was made via deep
undercooling of ultrahigh-purity Ag and Cu process starting with melting and followed by
water quenching [565]. The material is comprised of randomly oriented colonies containing
alternating lamellae of Cu and Ag, as seen in Fig. 16(a). Figure 16(b) is a scanning electron
microscope (SEM) micrograph of a single central Ag-Cu colony to highlight the nano-
lamellae. Two types of {111}Cu//{111}Ag interfaces, cube-on-cube orientation relationship
or twin orientation relationship and {111}Ag//{111}Cu interface planes, coexist in this
material since they have similarly low interfacial energies [566]. The Zr-2.5Nb alloy was
synthesized using a thermomechanical phase transformation method [567]. The material
consists of nearly equiaxed CG filled with microscale colonies, which are marked by dashed
lines in Fig. 16(c). Like in the Ag/Cu material, these colonies are also randomly oriented.
Any individual colony is a nanolaminate, consisting of UFG (~ 220 nm) layers of a-hcp Zr
separated by a 20-nm-thick layers of B-bcc Zr-Nb (Fig. 16(d)). The biphasic o/p interface has
a preferred Burgers orientation relationship of (0001)|/(011)/[1120]||[11] (Fig. 16(d)).
Because the colonies are randomly oriented, the bulk textures of these materials are uniformly
random, meaning they lack texture. However, crystallographic orientation of the crystals
within a given nanolaminate colony are aligned with the predominant interface and hence

strongly textured.
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Following different processing techniques, surface nanostructuring techniques (described
in section 4.2) are widely used to produce GS SS. Severe shot peening and SMAT generated
ay and o’ orientation towards <100> and <111> (Kurdjumov-Sachs orientation relationship
<110>,//<110>twinel/<111>4- [302]) in 316L SS and 304 SS [49,303]. However, chemical
composition and the deformation conditions might encourage different SIM paths. The
v phase may directly transform to a' or pass through the intermediate e-martensite phase
[234,276]. It has been reported that the Kurdjumov-Sachs orientation is preferred after y-¢-
o’ phases transformation, while the Nishiyama—Wassermann orientation (<110>,//<001>)

is preferred for y-a’ as well as for the starting of the y-g-a” transformation [276,291,304].

Combinations of cold rolling and partial-recrystallization annealing are one of the most
commonly reported thermo-mechanical routes to make bulk HLS materials. Thus,
conventional rolling and recrystallization textures might be expected for HLS SS. For FCC
materials, such as SS, the dominant rolling textures are {011}<100> (Goss texture) and
{011}<211> (Brass texture) [184,568]. As the Goss texture is more stable than the brass
texture during cold rolling, higher reductions promote the increment of Goss texture
[569,570]. However, a Copper texture ({112}<111>) might be promoted at high processing
temperatures [204]. Moreover, texture evolution with heat treatments depends on the
accumulated strain, as well as applied time and temperature. Further straining can be used to
induce SIM, which follows the Kurdjumov-Sachs orientation relationship [568]. SIM can
develop a Rotated Cube texture in deformed SS [571,572]. However, Mo might increase the

resistance to SIM [573].
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For short times or low temperatures annealing, recovery processes might be activated,
leading to weak texture evolution. At higher temperatures and/or longer times,
recrystallization processes can be activated resulting in significant texture changes. SS can
retain Brass-type textures after recrystallization due to solute drag effects (mainly Mo) or
oriented grain growth mechanisms [184,204,572]. Secondary recrystallization might result
in different texture components, but would not be expected to occur often within the short-

time heat treatments used to produce HS SS.

Previous examples discussed above are based on conventional cold-rolled and annealed
SS, and many similarities are expected for HLS SS. Yet, many interesting areas remain to be
explored, such as the effects of 1) planar slip and defects, like twins, 2) a high mechanical
mismatch at interfaces, 3) constraints at zone boundaries when a soft phase is surrounded by
a harder one with a different crystalline structure, 4) nucleation site formation, 5) grain

boundary migration, and 6) partial recrystallization processes on the texture evolution of HLS

SS.
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Figure 16. (a) Nanostructure of Ag/Cu material of eutectic 60/40 at.% composition [565],
(b) scanning electron microscope micrograph of a single central colony with Ag/Cu nano-
lamellae [565], (c) Nanostructure of Zr-2.5wt%Nb hierarchical material [567], (d)
Transmission electron micrograph of the ~ 220 nm layer of a-hcp Zr separated by a 20-nm-

thick B-bcc Zr-Nb layers [567].

The findings from the studies discussed connect HSMs fabrication methods to
crystallographic texture and/or to biphasic interface character for a common class of crystal
structures—FCC, BCC, and HCP. The understanding and proof of principle reviewed in this

section are built on characterization and calculations of model HSMs, those comprised of
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soft, single-phase metals. The concepts are fundamental, and as such, should provide a

starting point for applying to harder, stronger SS and other alloys.

6. Mechanical performance

From the current classification of heterostructures: i) heterogeneous lamella structures
(HLS), ii) gradient structures (GS), iii) layer structures (LS), iv) multiphase structures, v)
harmonic structures, and vi) multimodal structures, different mechanical behaviour can be
expected. Heterogeneous lamella structured materials, which consist in bulk soft zones
embedded in hard zones (microstructural features explained in section 4.1), are considered
the most promising to reduce the trade-off between strength and ductility. This is due to the
strong constraint that the hard zones can exert on the soft zones. It is expected that the most
effective the constraint, the highest strain partitioning and the highest the strain hardening,
i.e., ductility improvement. However, Frank-Read sources have been observed to be
continuously created and deactivated in materials under straining [574]. The strain
partitioning and the generated HDI strengthening cannot be directly correlated to GND pile
up density near the zone boundaries [575]. Besides, the GND might be absorbed by the
boundary [574]. Thus, further research and revising of the strain gradient plasticity theory

are needed.

Comparatively, the GS materials used to concentrate the finest grained region in a small
superficial layer and the bulk used to be in the micrometric or ultrafine region. Consequently,

the grain boundary length is significantly reduced compared to the HLS materials. The GS
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effectively accumulates dislocations in the coarse bulk, but the limited density of grain
boundaries also limits their HDI work hardening capability. In the LS materials, constituted
by soft and hard layers of different chemical compositions, the strain partitioning is reduced
due to the layers are subjected to the same strain. In the multiphase structured materials,
formed by chemical disparities along the bulk microstructure, the hard zone used to be
embedded in the soft matrix. The continuous hard zones surrounded by the soft matrix create
a lower strain constraining when compared to HLS, where the soft zone is embedded in the
hard one. This leads to a lower yield strength with high ductility. The harmonic structured or
core-shell materials are constituted by soft zones embedded in a hard matrix. The balance
between both volume fractions should be optimised (apparently at about 40% of the hard
zone [41]) to allow adequate strain partitioning. For the last, the multimodal structured
materials, characterized by a coexistence of colonies of different order sizes, the zone

boundaries density is usually not maximised, reducing the HDI strengthening occurrence.

6.1. Tensile properties

In a general way, the deformation process of HSMs can be divided in the three stages
shown in Fig. 17. Stage | is described by the elastic deformation of soft and hard zones. Stage
Il is characterized by dislocation slip of soft zones until reaching the plastic deformation
range. Meanwhile, the hard zone remains elastic. This mechanical mismatch will generate a

plastic strain gradient near the zone boundary. As explained in previous section 2, the strain
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gradient will be accommodated by GNDs, which will pile up against the zone boundaries in
the soft region and create HDI stress. Simultaneously, the hard zone constrains the soft zones
(making it looks stronger), while the soft zone accommodates more strain than the hard one.
Thus, strain partitioning starts occurring. As a result, the YS will increase beyond the ROM
predictions. The hardening created by long-range stress can be estimated through kinematic
hardening theory [576]. For last, stage Il is characterized for the visible effect of the strain
partitioning when both zones are plastically deforming. This is due to the soft zones sustain
higher plastic strain than the hard ones. Nonetheless, there should be a continuity in the
plastic strain at the boundary, so a strain gradient near the zone boundary is required for

accommodating the strain partitioning. GNDs accommodate that strain gradient.

From Fig. 17, the applied shear stress, ta, will drive the generation and pile up of GNDs.
This representation assumes the emission of GNDs with the same Burgers vector towards the
zone boundary on a slip plane. As a result, long-range stress, t,, will be produced against the

dislocation source. The effective stress, te, can be estimated by Eq. (5).
Te = Ta—Tp (5)

where for the dislocation source to emit more dislocations, the te should be higher than the
critical stress to operate the source, tc. This means that before reaching saturation, the density
of GNDs to be piled up increases as a function of the applied stress. For reference, high
densities of GNDs in the order of ~10%3-10%* are commonly found in as-built and pre-strained
AM and wrought SS [448,450,486,492,495,577,578]. Parallelly, the HDI stress will also

increase with more GNDs piling up pushing against the zone boundary. Due to the generation
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of GNDs, the soft region is still accommodating more strain than the hard zone. The strain
partitioning leads to strain gradients near the zone boundaries in both, soft and hard zones.
Consequently, HDI work hardening will increase with strain partitioning, providing superior
ductility to the material. From the Considere criterion, necking starts when the work
hardening rate is lower than the true flow stress, i.e., necking is mainly caused by insufficient
strain-hardening [71]. From the above, the HDI hardening is the reason for high ductility

during tensile tests in HSMs [18,49,75,78].
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Fig. 17. Representation of the three deformation stages (I, I, and I11) and their effect on
dislocation behaviour and stress distribution near a zone boundary. ta is the applied shear

stress. Red circles represent the dislocation sources. Adapted from [80].

6.1.1. Tensile behaviour in HLS SS

As explained in section 6.1, the HDI hardening is attributed to GND pile ups at the hetero-
interfaces. So far, the HLS has been the most effective heterostructure for producing both

high strength and HDI hardening, i.e., ductility [2,93]. One example is an HLS 316L SS
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obtained by DPD and partial recrystallisation annealing [25]. The HLS microstructure
produced a decrement of the strength — ductility classic trade-off, which the authors explained
in terms of nano-twins acting as ductile grain boundaries. Such explanation was based on the
possible “network” between recrystallised grains (~22 vol.%) and twins to provide superior
ductility to the alloy. However, this hypothesis did not agree with a previous report of DPD
and annealed high-purity Cu, which required at least 80 vol.% of recrystallised grains to
produce such a superior UE [579]. It should be added that the DPD and annealed Cu also
presented nano-twins bundles and recrystallised grains embedded in a nano-grained matrix.
However, Cu has an SFE (80 mJ m) around 4 times higher than the expected for 316L SS
(6.6 to 22 mJ m?) [27,123]. This is related to a smaller separation of Shockley partials and a
higher occurrence of cross slip in Cu in comparison with the 316L. As explained in section
2, the HDI strengthening is strongly dependent on the GND pile up formation, while the
GND piling up is maximised when cross slip is diminished. From the above, it is thought that
the reduced trade-off between strength and ductility for the HLS 316L SS resulted from the
contribution of HDI strengthening and HDI hardening. Moreover, twinning used to occur in
a preferred range of SFE from 12 to 45 mJ m, which is clearly not the case with Cu. Due to
factors such as the low-SFE of SS, the high strain rate of the DPD process, and the room
processing temperature, the dominant deformation mechanism was twinning. Twining can
act as a source of dislocations but can also block them, contributing to the material's strength
while improving its strain hardening rate [137]. The abovementioned reasons explain the
classical behaviour like-banana of the strength-ductility relationship for the HLS Cu

compared to the reduced trade-off in the HLS 316L SS.
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Subsequently, an HLS 316L SS processed by CR and short-time annealing firstly pointed
out the contribution of HDI hardening and strengthening (back then known as back stress
strengthening) to the superior mechanical properties of HLS SS [21]. In this work, a high
density of zone boundaries was formed from the presence of nano-twins, nano-twin bundles,
shear bands, as well as the martensite/austenite and nanograins/coarse grains interfaces. As
a result, the GNDs pile ups (Fig. 8(e)) encouraged the long-range HDI stress, and a strong
strain partitioning provided an extra strain hardening rate. From the ROM, a YS of 945 MPa
was estimated for the sample annealed for 10 min. However, it was lower than the measured
value of 1000 MPa. This was an indication of the contribution of Ac in the modified ROM
(Eq. (1), section 2). It should also be remarked that an overestimation of YS of the lamellar
coarse grain was used due to it was considered constant after the annealing treatment. This
could reduce the estimated contribution of Ac to the classic ROM. As expected, the
increment of annealing time prompted the grain coarsening, improving the work hardening
rate, as shown in Fig. 8(c). This improvement was generated from the highest dislocation
accumulation capability in recrystallised grains compared to the strained counterparts, but
also from the production of zone boundaries that encouraged the GNDs pile ups and long-
range stress formation. The best combination of mechanical properties, YS (1059 MPa) and
final elongation (FE) (19.4%), was obtained for the 10 min-annealed sample. Compared to
the YS (1451 MPa) and FE (5.9%) of the cold-rolled condition, previous results represented
a decrement of 27% and a 3.3-fold increment, respectively. HDI strengthening and work
hardening played a considerable role in reducing the strength-ductility trade-off of the HLS

SS316L. This was the first work on HS SS to clarify the contribution of HDI strengthening
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to superior mechanical properties. The results from previous work were confirmed by other
reports that reproduced the same experimental methodology, adding a comparison of 70 to

85% CR before annealing the HLS SS316L [23,150,174].

Other HLS materials have also been obtained of 304 SS by processes different from CR,
like cryogenic and warm DPD with consecutive annealing for 60 min [36]. This work
compared the tensile strength and ductility behaviours of two different microstructures: 1)
duplex (17 vol.% o -phase + rest of y-phase) and 2) single-phase (recrystallised and nano-
twinned y-phase). As a result, both materials obtained a yield strength of ~900 MPa but
different UE of ~21% and 12% for single- and bi-phasic materials. The work-hardening rate
of both materials showed a linear dropping until a strain of about 5%. However, for later
strain, the bi-phasic microstructure decreased continuously until a strain of about 10%, while
the single-phase structure remained nearly constant until ~21%. The authors attributed the
best combination of strength and ductility in the nano-twinned sample to a synergy between
the following phenomena: 1) higher capability to accommodate strain due to the presence of
recrystallised grains and reduced dislocation density, 2) higher work-hardening due to the
presence of nano-twins, stacking faults, and SIM transformation. A successive work based
on the same DPD and annealed samples, varying only the annealing time to 45 and 15 min
[37]. The authors reported similar work hardening decreasing tendency until a strain of about
6% for both materials. However, the UE of both materials was quite different. For this stage,
the 15-min annealed sample sustained a smaller increase in hardening rate from the strain

range of 5% to 8%. The authors considered this could be related to the higher flow stress of
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this sample compared to that of the 45 min-annealed, which due to the Considere criterion,
could generate an early necking [580]. On the other hand, the 45 min-annealed sample
showed activation of synergistic strengthening mechanisms encouraged by the increasing
presence of stacking faults and strain-induced martensite transformation as a function of the
applied strain. This resulted in an increment of the hardening rate in the range from 6% to
14% of applied strain. Considering that stacking faults strongly contribute to the GNDs pile
up occurrence, the 45 min-annealed sample could have a greater contribution of HDI
strengthening than the 15 min-annealed. Besides, the lower dislocation density in the 45-min
sample compared to the 15 min-annealed allowed a better accommodation of partial
dislocations that contributed to work hardening and ductility. Other similar HLS 304L SS
was prepared by ~88% CR and annealed at 700°Cfor 15 min, obtaining similar microstructure

and mechanical properties [38].

6.1.2. Tensile behaviour of GS SS

As explained in previous section 2.2, in HS SS, including GS SS, several mechanisms can
act synergistically to improve the mechanical behaviour of HS SS. However, one of the most
influencing factors is the grain size gradient, typical of the trans-scale grain hierarchy, where
grain sizes can span 3 or 4 orders of magnitude from NG to CG. Thus, it has been proposed
that strain hardening in GS SS is the result of the contribution of different mechanisms [93];
i) additive effect of individual layers by forest hardening in the GS, ii) compressive residual

stress that is commonly generated during surface plastic deformation methods (more details
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about techniques in section 4.2), iii) HDI strain hardening, and iv) nano-twin boundary
mediated strain hardening [93]. However, in GS SS, not all the mechanisms are necessarily
active. Their contributions depend on the processing technique, final microstructure, and
inherent properties like SFE and slip systems. For example, in GS 316L SS prepared by SLM
and USSR, nano-twins played an important role in enhancing strain hardening [275]. Another
GS 316L SS processed by ultrasonic strain engineering technology (USET) indicated the
extremely fined NG surface as the main contribution to strain hardening [581]. One more
example is a GS 304 SS processed by 3S, where the grain size gradient and twinning
fragmentation were pointed out as the major modes for the strengthening [212]. However,
the occurrence of HDI is expected in all HS SS that meet the requirements indicated in Fig.
7. Considering that HSMs are still an emerging field, the estimation of HDI stress by the
unloading-reloading method (section 2.3) or other future improved methods should be

encouraged to deeply understand the deformation and strengthening mechanisms of GS SS.

For GS SS, a novel design was proposed by tailoring the twining density instead of the
density of conventional grain boundaries, showing that nano-scale twin boundaries play a
key role in the strain hardening [252]. A superaustenitic S31254 SS with low yield strength
(280 MPa) was used to assess the role of a twin-density gradient structure on the mechanical
properties of the SS. Compared to the CG S31254 SS, the twin density gradient S31254 SS
doubled its yield strength, showing the crucial role of deformation twins in the synergistic
enhancement of strength and ductility. The twin boundaries showed a higher contribution to

the strain hardening than the conventional grain boundaries. In addition, the study of HDI
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stress was realized by the unloading-reloading method and from the GNDs formation
suggested from the increment of kernel misorientation values. The HDI stress and HDI strain
hardening strongly contributed to the reduced strength to ductility trade-off in the GS S31254

SS [252].

6.1.3. Tensile behaviour in LS SS

From section 4.3, LS materials are produced by bottom-up and top-down techniques that
result in layers with nanometric to micrometric thicknesses. The strengthening of LS
materials follows the typical Hall-Petch relationship within each homogeneous layer unless
the grain size or layer thickness becomes nanometric (t < 100 nm). Deviations from the Hall-
Petch behaviour may occur due to a decrement of the intragranular dislocation accumulation
capability in nanometric grain size [4,582-584]. It should be mentioned that despite the
evidence of dislocation-based plasticity deformation mechanism in CG and UFG zones, to
grain boundary sliding in nanometric grains, as well as multiple proposed models [585-587],
there is still no consensus about the origin of the so-called inverse Hall-Petch relationship
[588]. However, LS materials have shown superior mechanical performance, i.e., high
strengthening and strain hardening, that exceeds the typical behaviours predicted by Hall-
Petch and the ROM. The key factor for the superior mechanical performance of LS materials
is the density of hetero-interfaces. As explained in section 2, a mechanical incompatibility
>100% between two interacting zones boosts high strain partitioning, and it is considered a

hetero-interface delimited by zone boundaries.
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Figure 18(a) shows micrographs of Cu-bronze hetero-interfaces with a mechanical
incompatibility higher than 100% (HV cy =700 MPa and HV pronze =1500MPa) caused by
different strengths, stacking fault energy, chemical composition, and crystallographic texture
between both layers [56]. That experiment was designed to evaluate the mechanical
behaviour of LS Cu-bronze with variable hetero-interface spacing (density of hetero-
interfaces) but comparable chemical, grain size, hardness, and crystallographic texture
heterogeneities across the hetero-interfaces. From section 2, the generation of GNDs to
accommodate the strain gradient near the zone boundaries will produce long-range HDI
stress, which produces effective HDI strengthening and HDI strain hardening in the overall
LS. However, the distribution of GNDs is non-homogeneous across the layers. From Fig.
18(b), the GNDs density is dependent on the distance from the hetero-interface, forming a
GND density gradient [56]. The HBAR extends to a few micrometres regardless of the
interface spacing [56]. The highest density of GNDs at the hetero-interfaces compared to the
intragrain space has also been observed in LS SS produced by AM [350]. Thus, the density
of hetero-interfaces is a key factor in increasing the GND pile up density and, consequently,
the UTS (by HDI strengthening) and the Y'S and ductility (by HDI strain hardening). Figure
18(c) shows the increment of UTS and uniform elongation when the density of hetero-
interfaces increases. Therefore, a high density of layers (thin layers) produces better

mechanical performance than thick layers.

From the above, it was hypothesised that the space between interfaces should not be

smaller than the HBAR extension to allow enough space for GNDs to pile up. The Cu-bronze
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LS material later confirmed this hypothesis with a broad comparison of hetero-interface
spacings (from 3.7 to 125 um) [73]. The results are shown in Fig. 18(d), where the optimised
hetero-interface spacing (~15 um) allowed the simultaneous enhancement of Y'S and ductility
resulting from the HDI strain hardening. It was shown that the optimum hetero-interface
spacing, with the best combination of YS and ductility, was comparable to the necessary
distance to avoid overlapping between the HBARs of each ledge of the hetero-interface
Cu/bronze (~twice the HBAR from Fig. 18(b)). After overlapping both HBARSs, the HDI
stress generation seems limited. On the other hand, insufficient HDI stress is produced to
boost mechanical performance if the hetero-interface spacing is too large. However, when
the hetero-interface spacing is smaller than ~twice the HBAR, there is not enough space for
GNDs to pile up, limiting the HDI stress generation. Therefore, the optimum hetero-interface
spacing maximises the HDI strain hardening and HDI strengthening to produce the best
combination of mechanical properties. The hetero-interface spacing is crucial for designing

LS materials with superior mechanical behaviour.

The above principle can be extrapolated to other low or medium SFE materials, such as
SS. Effective delayed necking, i.e., strain hardening rate increment, has been shown in an
LS constituted by 304 SS/420J2 SS layers, where 304 SS and 420J2 have a high mechanical
mismatch (UTS304~500 MPa and UTS402:2~1700 MPa) [47]. It was shown that ranges of
hetero-interface spacing to ~40 to 77 um considerably increased the ductility, YS, and UTS
of the 304 SS/420J2 SS LS with respect to their monolithic counterparts. From the above, it

can be expected that the LS SS with only one hetero-interface, e.g., the surface films on SS
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mentioned in section 4.3, might not maximise their mechanical behaviour, but they can be

useful for other multifunctional applications.

Other factors such as crystallographic orientation incompatibility between layers also
influence the tensile properties of LS materials. An LS 316 SS processed via SLM was
fabricated with different crystallographic orientations ((011) and (001)) in layers alternately
stacked along the y-axis [589]. The crystallographic layered microstructure largely improved

the tensile properties and corrosion resistance of the austenitic LS 316L SS [589].

Further research should be done to model and experimentally probe the parameters
between both coexisting zones (coherency, crystalline structure, crystallographic texture,
stacking fault energy, among others) that affect the extension of the HBAR in different
materials, e. g., SS. This will allow the prediction of the optimum hetero-interface spacing
for designing new HSMs. Furthermore, the elaboration route of LS materials with multiple
thin layers might be low-scalable, being a drawback for commercial purposes. The design of
thermomechanical and thermochemical top-down and bottom-up routes to produce large-
scalable LS materials is also an important fact to study. Some bulk multilayer LS SS have
been produced by rolling combined with short-time heat treatments (304 SS/420J2 SS) [47],
AM (C300 maraging steel/420 SS) [350], and AM combined with CR and partial annealing
(304L SS/CoCrFeMnNi) [357]. Those LS SS reported considerable improvement in
mechanical performance due to the design of hetero-interfaces with variable spacing and high
mechanical mismatch to boost the strain partitioning and generation of GNDs. However,

other bulk LS SS based on layers with millimetric hetero-interface spacing or gradual
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chemical composition variations might present a less advantageous mechanical behaviour if
tested under tensile test [351,352,356]. Lastly, additional research on the multifunctional
properties of different LS SS should also be carried out to broaden their understanding and

industrial applications.

109



;e
HV¢, = 700 MPa
Hvbronze = 1500 MP(I

SN
N 4um
) L e
350 ! !
R I I
g : :
» 300 l |
¢ Bronze ! Copper ! Bronze
« ~] -y -l - >
% 250 b 12 :’ E
> I in=
é’ 50‘- ,’:ljg e — H 10 L y : g:::::=g% t
N2 —— C ? @ Strain=Uniform elongation 71
lﬂ]!!m“"m E : % . o:
000 005 010 015 020 025 030 (= 8r |=l q ol
s 1 TPadél el
d Engineering strain > Y )34 | Ie11 1% ! |
) 400 2 6r ¥ io' LI ‘TT%" ‘TI I
@ | 13 LR | | I
e 37 2 r | P
S 380f & S 4F a1 , R, .
E 75”"‘15 i g : ‘.0:.000"0'°‘.‘ 0 ] Q .00;0’..{
) o ! .“
g or £ Hiwf’?*f‘ ?H?..ow” t*{?" '
% 31 um | '
o 125 0 WA AI Sl A A l il
2 250r i o 8 10 15 20 25 % 4
| |Equivalent Position (um)| |
s e 15 16 17 18 — L
Uniform elongation, % HBAR HBAR

Fig. 18. Importance of hetero-interfaces on the mechanical properties of layer structured
(LS) materials. (a) Micrographs of a three Cu-bronze LS materials with different densities of
interfaces but comparable chemical composition, grain size, micro-hardness, and
crystallographic texture, (b) comparison of engineering stress-strain graphs for the three Cu-

bronze LS materials, (c) distribution of geometrically necessary dislocations (GNDs) through
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the softer (Cu) layer [56], and (d) tendency of yield strength respect to ductility as a function

of the interface spacing (density of interfaces) [73].

6.1.4. Tensile behaviour in harmonic structured SS

From section 4.5, harmonic structures are essentially core-shell structures with a specific
3D periodic arrangement of CG and NG zones, which are homogeneous on macro-scales but
heterogeneous on the micro-scale [590]. Harmonic structured materials have an exceptional
combination of high strength and ductility, resulting from optimised hierarchical features in
the microstructure [501]. A harmonic 304L SS prepared via controlled mechanical milling
of pre-alloyed powders followed by SPS [41], demonstrated an outstanding combination of
high strength (382 MPa for 0.2% YS and 744 MPa for UTS), high uniform elongation (65%),
and large total elongation (80%). The authors proposed that the fraction of the shell area is
an important parameter controlling the balance of the mechanical properties [41]. Another
example of the good mechanical properties of harmonic SS is a bi-phasic 329J1 SS processed
using SPD and SPS [43]. The YS obtained for the harmonic structure was ~40% higher than
the bulk, while tensile strength was improved by >25% with uniform elongation of ~17%
[43]. The improvement of mechanical properties in the harmonic 329J1 SS was attributed to
its heterogeneous microstructure, i.e., UFG mid-shell and an outer shell composed of a
duplex structure with UFG precipitates. Other work showed that the high density of
dislocations and twinning was responsible for simultaneous superior strength and ductility in

a 316L SS prepared by SLM [489]. Besides, for a plasma sintered unimodal 316L SS, another
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mechanism based on defects such as pores or second phase precipitates was reported [46].
The authors propose that a decrease in grain size below a critical value produces intergranular
back stresses large enough to induce grain decohesion. This, in turn, controls the mechanical

behaviour and therefore, it does not depend on grain size anymore [46].

The effect of high temperature on the tensile properties of harmonic HS SS has also been
studied. A harmonic structured 304 SS processed via ball milling and SPS showed a superior
combination of strength and ductility at room temperature. However, for high temperature,
despite that tensile strength was still higher than the obtained for the CG structure, reduced
strength was observed [591]. In another work, for an austenitic 316LN SS produced by HPT
with a subsequent annealing process, it was found that UTS and Y'S of the initial harmonic
structured 304 SS was highly improved, but the uniform elongation was low. However, when
annealing at temperatures higher than 750°C, although tensile strength decreased, the
elongation increased significantly. The increased grain size after annealing was the cause of

the decrease in strength and the improvement of elongation [592].

Regarding cellular structured SS produced by AM, the excellent combination of strength
and ductility decreased when increasing the annealing temperature for a 316L SS synthesized
by SLM [467]. This effect was explained based on variations from the starting AM
microstructure composed of a very fine cellular microstructure with small subgrains and
dense dislocation networks within individual grains, dislocation pile ups near the walls, and

misorientations in subgrains that repels dislocation movements [467]. The degradation of
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tensile properties with increasing annealing temperature led to grains and cells growth,

decreasing the dislocation network.

Density is another factor influencing the tensile properties of harmonic HSMs produced
by AM or PM. Some authors pointed out that eliminating pores can be considered a strategy
to improve the yield strength of AM alloys [442]. However, other factors such as the
geometry of the samples and built-in flaws can also play crucial roles in the tensile properties

[442].

6.1.5. Tensile behaviour of multiphase SS

As seen in Fig. 2, the dual-phase and multiphase SS, including precipitation type and
microstructures with intermetallic phases, are representative of HS SS [496]. Their
mechanical properties can be modified by adding a second phase [593]. A multiphase HS SS
consisting of ferrite embedded in nano-grains was obtained by a combination of cryogenic
and room temperature rolling with posterior tempering and short-time annealing [175]. Due
to a final broad grain size distribution, including NG, UFG and CG regions, as well as a
combination of y and BCC-a’, The final microstructure was called multiphase hierarchical
grain (MHG). A vyield strength of 1.2 GPa was reached in the MHG SS (Fig. 19), which is
more than two times higher than the CG counterpart, with little loss of ductility [175]. The
engineering stress-strain curve of the MHG SS is shown and compared with its CG and
single-phase hierarchical grain (HG) in Fig. 19(a) [175]. The persistent work hardening in

the MHG (Fig. 19(b)) was a suggestion that HDI strain hardening originated from plastic
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strain incompatibility at the hetero-interfaces formed by the different grain sizes and the
coexistence of ferrite, martensite, and nano-precipitates [175]. However, the TRIP and TWIP

effects also played an important role in the reduced strength to ductility trade-off of the MHG
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Figure 19. (a) Engineering tensile stress-strain curves and (b) corresponding work
hardening rate of coarse grain (CG), single-phase hierarchical grain (HG ), and

multiphase hierarchical grain (MHG) stainless steel [175].

In another work, a medium manganese SS composed of 74% reversed austenite, 16%
deformed austenite and 10% tempered martensite was reported [594]. The Cr23Ce precipitates
were also found in the microstructure. This multiphase and HLS SS also reported high YS
(1324 MPa), UTS (1401 MPa), high strain hardening, and uniform elongation of 34.7%. The
outstanding properties of the multiphase and HLS SS resulted from the combination of
several strengthening mechanisms like TWIP, TRIP, dislocation accumulation, grain
refinement, second-phase, solid solution, and HDI stress due to the heterogeneous

distribution of nano/ultrafine grains and phases [594]. It should mention that the TRIP effect
114



in steels refers to the transformation of the metastable retained austenite (soft phase) to
martensite (hard phase) during plastic deformation. For the medium manganese SS, the
deformation mechanism works according to the phases, where a strain gradient between
phase boundaries appears and is accommodated by GNDs. Additionally, the high SSDs

density improves the strength [595].

6.1.6. Tensile behaviour in multimodal SS

Recently, extensive researches were devoted to studying the relationships between the
grain size distribution and the mechanical properties of multimodal SS [42,45,512]. For
example, a bimodal 304L showed a good ductility and total elongation of 44%, which is
slightly lower than the total elongation of the CG 304L (58%). Meanwhile, the bimodal
structure exhibited threefold increments in the yield strength, reaching 703 MPa (i.e., the
yield strength in the coarse-grained specimen, 210 MPa). The high strength of the bimodal
structure was attributed to the fine grains in the shell areas, while the high ductility was
related to the coarse grains in the core regions. The presence of CGs in the matrix of UFGs
improves the ductility by modifying both the strain hardening and the localizing strain

regions [46].

Recently, a novel route of submerged friction stir processing (FSP) has been used to create
bimodal grain size in austenitic 316L SS [509]. By rotating the cylindrical tool at a specific
area on the as-received specimen, the FSP produces multimodal materials. The mechanical

properties of CG, bimodal, and UFG 316L SS were studied by tensile testing at room
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temperature [509]. Fig. 20(a) shows the engineering stress-strain curves of all these samples.
The bimodal structure sample demonstrated a higher YS of 620 MPa than the UFG specimen
of ~450 MPa. Additionally, the uniform tensile ductility of the bimodal sample was 35%
compared to 30% in the UFG sample. The limited ductility in UFG materials is mainly due
to the instability of fine grains, which is related to the limited capacity to store dislocations
within fine grains [596,597]. The above results are in line with the observation reported by
Flipona et al. for a bimodal 316L SS [46]. However, it is in contrast with the study introduced
by Renk et al., as they observed a reduction in both ductility and strength of bimodal 316L
SS [505]. The unusual decrease of ductility of the bimodal structure in the Renk et al. study
is unclear. Therefore, further studies may be necessary to clarify it. Moreover, the bimodal
SS showed a higher work-hardening rate than the UFG sample as shown in Fig. 20(b) [509].
The work hardening rate is quite dependent on the volume fraction and dispersion, shape,
and particle size of the second phase [598,599]. Considering hard second phase particles with
constant diameter, increments in their volume fraction produce increments of tensile strength
with a synchronous decrease in elongation. In contrast, the work hardening rate increases
when the size of the second phase is smaller. Therefore, the strength can be enhanced by
increasing the volume fraction of the second phase, while the strain hardening and ductility
can be improved by decreasing the size of the second-phase particle [598]. For the bimodal
316L SS, the average size of martensite grains was similar to or smaller than the grain size
of the UFG sample, whereas the o’ volume fractions were 30% and 8% for the bimodal and
UFG conditions, respectively [509]. Therefore, the higher yield strength and work-hardening

rate for the bimodal 316L SS compared to the UFG sample was related to the higher volume
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fraction of fine martensite grains. The good ductility for the bimodal 316L SS may be
attributed to a high dislocation density around the hard-small «’ grains and the high
dislocation storage capacity of coarse y grains. Moreover, the large work hardening reduces
tensile instability in the material and therefore delays the onset of crack propagation

[600,601]. In conclusion, the bimodal 316L SS exhibited higher YS, higher work hardening

rate, and larger elongation than the UFG sample.
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Fig. 20. Comparison of mechanical behaviour between as-received, ultrafine (UFG), and
bimodal structured 316L stainless steel (SS). (a) Engineering stress-strain curves and (b)

work-hardening rate versus strain [509].

From section 6.1, the key factor in optimising the strength to ductility relationship of HSM
is to maximise the HDI strengthening and HDI strain hardening. Microstructural features

such as the flow stress mismatch at the soft/hard interfaces or zone boundaries trigger

117



different strain partitioning, GNDs densities, and interaction between multiple strengthening

mechanisms. As a result, different mechanical performances can be obtained for the same

material with different HS arrangements. Table 1 compares the mechanical properties of

different HS 316L or 316 SS obtained by various processing routes. As explained in section

1, HDI was renamed in 2019 [20] from back stress strengthening and hardening due to the

contribution of forward stress.

Table 1. Comparison of mechanical properties of different HS 316L or 316 SS that have

reported the contribution of HDI strengthening.

Processing | HSM Microstructure | YS/ UTS/ |UE/ | TE/ | Ref
route classification MPa | MPa | % %

85% CR + | HLS* Lamellar CG 1108.0 | 1242.0 | 2.1 | 10.0 |[21]
short time zones between - - 275 |-

annealing surrounded by 572.0 |849.0 36.1

at 750°C NG zones and

for 5-25 nano-twins

min

SLM + Harmonic- Cellular ~290.0 | ~530.0 | ~65.0 | ~85.0 | [486]
stress-relief | like and structure with

HT at multimodal bimodal grains
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300°C for 1

distribution form

h by small grains
along molten
pool boundaries
and bigger
grains
SLM + GS and NG surface layer | 740.9 |856.0 |~7.5 |13.1 |[275]
USSR harmonic- with deep- - - — -
like dependant grain | 665.2 | 763.4 |17.0 |21.6
size, phases,
dislocation,
twins, and
cellular
structure.
70-85% HLS* Lamella ~560.0 | - ~30 |- [23]
CR + short recrystallised — -27.0
time grain clusters 1250.0
annealing and CG between
at 750°C nano-sized twin
for 5-25 bundles and
min UFG grains
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L-PBF with | Harmonic- Cellular and 450.0 |- 250 |- [462]
variable like and dendritic - -
parameters | multiphase* | structures with 680.0 59.0
N, O, and H
impurities, Cr
and Mo
segregation, and
precipitation of
transition-metal-
rich silicates.
80% CR + | HLS** Lamellar CG ~410.0 | ~850.0 | ~4.0- | ~16.0 | [602]
short time zones between - - 330 |-
annealing UFG grainsand | 1080.0 | 1180.0 36.0
at 720°C nano-twin
for 20 min bundles
+ annealing
from 200 to
700°C for
12 h
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L-PBF + Harmonic Cellular 384.4 | - - - [450]
annealing and structured with | —
from 700 to | multiphase** | segregates of Cr | 556.3
1200°C for and Mo on cell
10 and 40 walls, as well as
min Si-rich
precipitates

20 and HLS** Refined y grains | 305.0 | 785.0- | 8.4- | ~20.0 | [190]
30% surrounded by | - 1147.0 | 39.7 |
cryorolling martensitic (o) | 886.0 50.0
+ annealing islands.
at 650 °C
for 10 min

and1lh
SLM Harmonic- Cellular 500.0 |[570.0 |34.0 |42.0 |[471]

like and structure with

multiphase**

segregation of
Mo, Cr, Mn and
Ni, depletion of
Fe, and

precipitates rich
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in O, Si, and

Mn.
DED +1h | Harmonic- Cellular 184.0 |411.0 |40.0 |~58.0|[495]
annealing like and structures with — — — _

at 400, 800, | multiphase** | segregation of 459.0 [648.0 |[72.0 [82.0
1000, and Mo and Cr

1060°C

*Reported as back-stress strengthening.
** Reported as effect of GNDs or dislocation pile ups accumulation at different zone

boundaries.

6.2. Hardness

Heterostructured materials are characterized by coexisting fine grains/hard phase and
coarse grains/soft phase zones. The different zones deform inhomogeneously during plastic
deformation, and the material has large deformation gradients [350,603]. From previous
section 2.1, The soft zones deform more plastically first and form back stress, while the
harder zones remain elastic and develop forward stress [20,350]. Such an incompatibility of
deformation responses between the soft and hard zones leads to strain partitioning and
inhomogeneous distribution of the hardness in the HSMs [41,44]. GNDs will be formed to
accommodate the strain hardening at the zone boundary. However, the production of HDI

stress, i.e., back stress and forward stress, produced an additional hardening effect that
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benefits to the global mechanical performance [20]. An example of the above is shown in
Fig. 21(a-e), which corresponds to a layer structured material formed by 420 SS and 300
maraging steel [350]. Figure 21(b) shows the difference in hardness between the different
layers obtained by AM process, while the preferred GNDs formation at the zone boundary is

observed in Fig. 21(e).

It should be remarked that hardness is a very localized study that is widely used for quick
evaluation of mechanical properties and measuring the plastic response of materials
[604,605]. However, the wide range scattering of hardness values in heterostructured
materials makes such evaluation of mechanical properties intractable. The very local
hardness test can now be performed with a high degree of precision using high-speed
nanoindentation testing, which provides an opportunity to measure large networks of indents
[605]. Therefore, the indentation mapping technique is used to measure the local mechanical

properties of multiphase alloys and small areas of HSMs [606].

The hardness of SS depends on various factors such as the grain size (Fig. 21(f,h)),
chemical composition (Fig. 21(g)), phase composition, and crystalline structure [44,507,607—
609]. The HS SS neighbourhood areas may be different from one another, at least in one of
these factors, which results in soft and hard zones. Namely, the areas of HS SS exhibited
dramatic variations in hardness values. Such a large scattering of hardness depending on the
grain size is observed in Fig. 21(f), where the hardness profiles as a function of the depth in
GS 304 SS produced by different surface nanocrystallization techniques are compared to the

hardness of the CG 304 SS. Regarding chemical composition gradients, Fig. 21(g) shows the
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hardness profile for an AM layer structured SS composed of multiple layers with different
Cr/Ni ratios [352]. One more example of hardness disparities in HS SS is the bimodal grain

structure of 304L SS [44] (Fig. 21(h)).

The grain size is the major factor that controls the hardness of the SS [507,607]. This grain
size dependence can be clearly observed in Fig. 21(f), where under similar chemical
composition (304 SS), the hardness decreased as a function of the grain size increment. The
small grain size implies a lower capacity for storing the dislocation as well as more barriers
for sliding the dislocation, which enhances the material hardness [218]. In contrast, the CG
regions are generally displaying low hardness. Fig. 21(h) shows the hardness of sintered 304L
SS compacts versus the ratio of average grain size in the core regions (Dcore) t0 average grain
size in the shell regions (Dshen) [41]. The Dcore/Dshen ratio was used to describe the grain size
heterogeneity in the material. The hardness measurements were carried out separately in the
shell and the core regions of the harmonic structured 304L SS [41]. The disparity of hardness
between the core and shell areas increases monotonically with increasing the Dcore/Dsner ratio.
At high deformation, the hardness in the shell areas of 40% higher than that in the core
regions [41]. Similar higher hardness was measured in the harmonic structured 316L SS shell

regions, which can be attributed to their high density of grain boundaries [610]. As explained
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Fig. 21. Hardness profiles in different heterostructured (HS) stainless steel (SS). (a)

micrograph with microhardness indentations of a layer structured material composed by

420 SS and 300 maraging steel (C300 MS) and its (b) hardness distribution map, as well as
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(c,d) magnifications and (e) density of geometrically necessary dislocations (GND) at the
420SS/C300 MS hetero-interface (adapted from [350]). (f) Comparison of microhardness
profiles as function of the distance from the surface between gradient structured (GS) 304
SS processed by different surface nanocrystallization techniques (data collected from
[212,226,229,272,280,611]) and its coarse grained counterpart [225]. (g) Microhardness
profile of a layer structured stainless steel fabricated by additive manufacturing with
gradient Cr/Ni ratios [352]. (h) Dependence of the core and shell microhardness of a
sintered bimodal 304L SS compacts on the ratio of the average grain size core regions

(Dcore) to average grain size in the shell regions (Dsnen) (adapted from [41]).

The scattering of hardness values can also be related to multiple phases in HS SS [609].
It is well known that the BCT and BCC martensite exhibits a limited plastic deformation and
is harder than the FCC austenitic structure. Consequently, the hardness increases significantly
with increasing the fraction o -martensite phase [597,608,612,613]. However, it was reported
that the hardness of 316L SS is more controlled by grain size than by phase composition

[507].

Furthermore, as the study of HDI strengthening and hardening is still emerging, their
contribution to the final mechanical properties has not been clarified for many HSMs. For
example, a porous 420 SS matrix with variable content of reinforced TiN particles was

elaborated by SLM [378]. Due to the TiN powder decreasing the laser absorptivity of the
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final alloy, it generated more zones with insufficient fusion. This means that the relative
density decayed as a function of the TiN content. As a result, the global hardness of the alloy
decreased for the smallest relative densities. However, for constant TiN contents, the
increment of the laser power increased the relative density of the bulk, also increasing the
hardness. The authors reported that the increment of hardness was because of solid solution
and TiN phase strengthening. However, the maximum hardness reported of 56.7 HRC (~6.6
GPa) is above the maximum estimated by the ROM. For such estimation, the hardness values
and the weight ratios of the components can be considered, i.e., FeCr (~10 GPa) [614] formed
considering an overestimation of the 50% of the Cr content, this is in a 6 wt.%, to join with
a 6 wt.% of Fe for a 1:1 stoichiometric component, as well as 1% TiN (~31 GPa) [615] and
rest of SLM 420 SS (~5 GPa) [378]. By using the ROM in the hypothetical 12FeCr-1TiN-
420SS, the maximum hardness obtained could be ~6 GPa, which is ~13.6% lower than the
experimental. This rough estimation suggests that an extra strengthening mechanism acted
in the aged 420 SS. The difference between hypothetical and experimental hardness can be
due to HDI strengthening. As described in section 2, to probe the above, an experimental

estimation of HDI stress by unloading-reloading tensile test loops might be useful [19].

6.3. Fatigue resistance

Superior fatigue behaviour has been reported in HS SS, including high fatigue limit under

stress control, high-cycle fatigue [616,617] and low-cycle fatigue [618], as opposed to the
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traditional trade-off reported in conventional homogeneous CG and NG materials. The
mechanisms responsible for this behaviour in SS have been mainly studied for GS SS
[262,270,273,284,619,620]. For example, austenitic GS 316L SS showed higher fatigue
strength and fatigue life compared to its CG counterpart [262,618,619]. The mechanisms for
this strengthening have been explained in terms of different contributions: 1) as most fatigue
cracks initiation occurs on the surface because of manufacturing processes defects [621], the
suppression of surface roughening and cracking in NG surfaces produce a higher fatigue
resistance by retarding surface fatigue crack initiation [262]; 2) the resistance to fatigue crack
propagation or crack growth is enhanced by altering the stress/strain distribution around
crack tips [619]. Cracking and propagation delay because of surface compressive stress states

is a common result in GS SS [108,148,219-222].

The grain size also strongly contributes to the fatigue resistance of HS SS. The fatigue
properties of harmonic structures of 316L and 304L SS were investigated by axial fatigue
tests and fatigue crack propagation tests [622—624]. Fig. 22(a,b) show the SEM micrograph
and the corresponding inversed pole figure (IPF) map around a crack in the harmonic
structured 304L SS after axial fatigue test [622]. It was observed that fatigue cracks initiated
at the coarse-grained regions in the harmonic structure 304L SS. The fine grains smaller than
4 um are shown by the colour map in Fig. 22(c). The crack path is shown as a white line in
Fig. 22(b,c). Fatigue cracks propagate in both CG and fine-grained structures without any

additional effect of the UFG structure. Accordingly, a harmonic structure does not affect
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fatigue crack propagation or crack profiles. As a result, the harmonic structure SS

demonstrated a higher endurance limit due to the presence of fine grains [622].
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Fig. 22. (a) SEM image, (b) IPF map, and (c) grain size color map of a region near a crack
profile (white lines) for the harmonic structure 304L SS sample after axial fatigue test at a

stress ratio 0.1 [622].

Improved fatigue properties were reported for a nanotwinned 316L SS fabricated by DPD
and annealing. Crack initiation and propagation were retarded because of the elastic
homogeneity and cyclic deformation compatibility between nanotwinned and recrystallised
grains [625]. In the same line, for a nanotwinned austenitic 304 SS, dislocation activity,
detwinning and martensitic transformation have been proposed as mechanisms for the
enhanced fatigue resistance. This is because of the release in strain localisation and

suppression of the surface roughening and cracking [626]. Similarly, in a metastable
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austenitic 304 SS with nanotwin bundles, detwinning followed by martensitic transformation

enhanced the crack growth resistance [627].

The corrosion fatigue crack initiation was studied in a GS martensitic 420 SS [620]. The
authors showed a significant improvement in corrosion fatigue resistance in acidic, neutral,
and alkaline NaCl solutions because of the compressive residual stress induced by the surface
NG structure, which was perpendicular to the crack propagation direction. Compressive
surface stress states delay crack initiation and propagation, and a high density of grain
boundaries promotes a uniform, compacted and well-adhered passive layer in fine-grained
SS [108,136,149]. More details about the corrosion performance of HS SS will be given in
section 7. In addition, martensitic lath refinement and nano-sized dispersed carbide fragments

also contributed to improving corrosion fatigue life [620].

Despite the simultaneous enhancement in fatigue properties that different studies have
shown in HS SS, another work showed that in 2205 duplex SS the hard brittle martensite
phase decreased the ductility of the gradient NG layer, accelerating crack propagation and
decreasing the low-cycle fatigue life [270]. This means that there is not a consensus about
the effect of HS microstructures on the fatigue resistance of SS. More systematic studies are
needed regarding the effect of different HS microstructures on the fatigue resistance of SS

and their modelling to predict crack initiation and propagation.
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6.4. Wear resistance

Wear resistance is a key factor in determining the working life of the material in service,
and it is required in a wide range of technology and engineering applications [628,629].
Therefore, researchers are striving to improve the wear resistance of materials. Although the
wear resistance of homogenous CG and NG SS has been extensively studied [630-633], the
wear behaviour of HS SS is still unclear [174,634]. Wear in SS is primarily caused by
oxidative, adhesive, and abrasive mechanisms [174,632,633,635]. However, the wear
mechanism of SS may be dependent on many parameters such as the chemical composition,
crystalline structure, grain size and morphology, phases distribution, among others.
Essentially, the wear resistance will be affected by all the factors that influence plastic

behaviour in metallic materials [636].

The role of the chemical composition, the grain size, phase compositions, and
microstructure in controlling the wear resistance of SS was recently reported by many authors
[174,630-632,637,638]. More surface martensite in SS leads to less wear resistance [635].
By comparing ferritic and martensitic SS, the metastable austenitic SS offers the best overall

wear resistance [639].

Decreasing the grain size to UFG or NG regimes improves the wear resistance of SS by
improving its hardness [631,638,640]. Usually, the wear loss of SS increases with increasing
the normal loads [638,641]. However, for a relatively high applied load and a further increase
in hardness, the wear resistance of nanostructured SS decreases. It was reported that the wear

resistance of austenitic 316L SS containing nano-scale twin increased with increasing the
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normal loads up to 20 N and then decreased at an applied load of 30 N [640]. It can be
concluded that the wear resistance of fine-grained SS was better than the CG steel due to the

higher hardness in small grains areas [631].

The HLS 316L SS is more susceptible to severe tribo- and abrasive wear processes,
leading to an increase in wear rates and wear loss. Furthermore, increasing normal loads
accelerates oxidation, reduces more oxide particles, and reduces the wear resistance of HLS

316L SS compared to the CG SS [174].

Figure 23(a-c) shows the typical cross-sectional profiles of the wear scratches formed on
the NG/UFG, heterogeneous ultrafine-grained and CG austenitic 18Cr-8Ni SS under
different loads [638]. It can be seen that the wear track of the different specimens has a similar
feature. However, wear volume varies in the different samples depending on the applied load.
Fig. 23(d) shows the change in the wear volumes for the different samples under three applied
loads. Under the smallest applied normal load of 10 N, the NG/UFG sample demonstrated a
better wear resistance than its CG counterpart. This improving of the wear performance for
NG/UFG SS was related to the higher hardness and grain refinement in the sample. However,
at a high normal load of 30 N, the NG/UFG specimen with the highest hardness has the
poorest wear resistance, while the UFG (indicated as HUFG in Fig. 23) specimen exhibits

the best wear resistance.

The wear performance of HSMs are also dependent on the amount of plastic deformation,
where the increase of grain boundaries, dislocation, and twins lead to access more oxygen

species inside the materials and, thus, it can accelerate the oxidative wear process [637,642].
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Furthermore, the presence of nanograins and nanotwins in HSMs enhanced the strength and
hardness, improving wear resistance according to Achard’s law [643,644]. The harmonic
structured austenitic 304L SS showed a lower wear resistance at relatively higher normal
loads of 10 N compared to a sintered non-harmonic structured 304L SS and a low carbon
conventional 304 SS [634]. It was concluded that the shell areas of harmonic structured SS
are less wear-prone than core areas. Similar wear behaviour was observed for harmonic
structured 316L SS, extending to better wear resistance at a lower normal load [610].
According to Achard’s law, the better wear resistance in the shell regions of HS SS may be

due to the higher hardness in these areas.

Recently, the tribological behaviour of HLS 316L SS produced by 85% cold rolling and
subsequent heat treatment in air at 750°C for 10 min was studied [174]. It was reported that
the wear resistance of HLS 316L SS was slightly smaller compared to that of the CG
specimen under a normal load of 5 N. With increasing the load to 15 N, a remarkable decrease
in wear resistance was observed for the HLS, which nearly 50% lower than that of CG
material. The lower wear resistance of HLS compared to that of the CG SS is due to the HLS
316L SS being more susceptible to severe tribo- and abrasive wear processes, leading to an
increase in wear rates and wear loss. Furthermore, increasing normal loads accelerates
oxidation, therefore increasing oxide particles, which reduces the wear resistance of HLS

316L SS [174].
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Fig. 23. Cross-sectional profiles of (a) nanograined/ultrafine grained (NG/UFG), (b)
Heterogeneous UFG (HUFG) and (c) CG 18Cr—8Ni austenitic stainless steels (SS) under

different loads, and (d) the wear volumes versus normal loads in three SS [638].

7. Corrosion susceptibility

Corrosion is a degradation process consisting of a series of electrochemical reactions
occurring between anodic and cathodic sites on a metal surface when in contact with an
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aqueous solution/electrolyte [645]. From section 3, SS (homogeneous and HS) is an excellent
material to be applied in different sectors due to its good corrosion resistance and mechanical
behaviour [646]. In general, the corrosion resistance of SS depends on the alloying elements
and environment. The corrosion resistance of SS is mainly determined by their Cr and Mo
contents and their microstructure. A chromium enriched nanometric thin film layer grows
when it encounters the atmosphere, enhancing the corrosion resistance properties.
Conversely, the presence of different ions in the environment, especially chloride, is a
destructive factor for the corrosion resistance of SS [361,647]. Chloride ions develop the rust
on SS, leading to pitting and/or crevice corrosion [360,648]. This pitting is particularly
destructive because it undercuts the protective nascent Cr-rich oxide surface of SS [649].
Chloride ions may promote a fast failure of SS.

Much attention has been paid to the corrosion mechanisms of SS based on their different
microstructures to understand the corrosion initiation and improve its resistance. One of the
main corrosion mechanisms is pitting or local corrosion, which creates pores of local
degradation of the microstructure, leading to failure. Microstructural defects such as grain
boundaries, inclusions, intermetallic particles, among others, are typical regions for pitting
starting in SS [650-653]. The reason for that preferred attack is the higher available energy

at those defects compared to that in the free-of-defect inner grain.

In general, good corrosion resistance has been related to CG alloys due to their lower grain
boundary density compared to NG or UFG materials, being a synonym of lesser active sites

for the preferential attack [654]. However, CG surfaces allow a poor adherence of the passive
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surface layer compared to those nanostructured on passive systems [91,92,655,656]. The
UFG and NG materials have demonstrated easier passive layer formation than the CG
materials [91], resulting in better pitting corrosion resistance. One example is an NG 316 SS
with a high grain boundary density, which made the growth of the oxide passive layer more
feasible than in the CG 316 SS [151]. The potentiodynamic curves showed a significant
decrease (seven times) in corrosion rate in the NG SS compared to the CG SS when tested in
Ringer's solution [151]. Thus, HS SS allow exploring the interaction and effect of coexisting
heterogeneous zones with different electrochemical potential and active sites density on the

corrosion and passivation performance.

7.1. Microstructural effect on corrosion resistance of HS SS

Regarding multiphase structured HS, the partitioning of y-stabilisers (Ni, N) and a-
stabilisers (Cr, Mo) results in different chemical compositions, electrochemical potential, and
corrosion performance between those phases [657—659]. The galvanic activity y and «
triggers stress corrosion cracking (SCC) in duplex SS, where the a phase acts as cathodic
protection for y in acidic (chloride-containing) environments [660]. However, the interaction
of a and y phases in duplex SS does not increase local corrosion because it improves the
surface passive film formation. The passive current density to sustain the passive film on the
individual phases is higher than for a duplex microstructure where both phases are coupled
[661,662]. Higher content of Cr.Oswas found in the oxide film of the duplex microstructure,

while more Cr(OH)3 was observed in the film of the individually passivated phases. The
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presence of Cr(OH)swas related to the decrement of the passive film effectiveness, being the
reason for the better corrosion performance of a and y coupled in the microstructure
[661,662]. In soft core multiphase structured SS (Fig. 11(b)), where the y islands have higher
corrosion potential than the o matrix, pitting and environment-assisted corrosion are started
at the « phase, resulting in cracking to be propagated along grain boundaries [662]. Due to
the difference in potential between y and «, the anodic activity at the cracking tip (started at
) is reduced, and the cracking is delayed when getting in contact with the y phase [663].
This is an effective mechanism to delayed cracking in multiphase HS SS if no embrittlement
mechanisms of y are activated (like mechanical overload). It should be mentioned that
galvanic activity is not exclusive to bulk multiphase SS. It can also be encouraged by
contamination, impurities or segregation in SS. SCC was also observed in austenitic SS
fabricated by AM, where Si-rich oxides along the grain boundaries were preferentially
dissolved, accelerating the oxidation and cracking [125,437]. From the above, studying
electrochemical and passivation mechanisms of the phases in SS is a key factor in
understanding and predicting the global electrochemical behaviour of the alloy [657]. Deep
research in clarifying the changes in electrochemical properties of multiphase HS SS under
environment-assisted corrosion is needed.

As explained before, the density of grain boundaries plays a key role in the
electrochemical behaviour of SS. Thus, heterogeneous grain size distributions strongly
influence the electrochemical behaviour of HS SS. The narrow distribution of fine grain

boundaries and triple junctions (intersection of at least three adjacent crystals [664]) in NG
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SS allows more uniform and compact Cr-rich oxide surface layers compared to those in CG
SS [91,92]. However, the high fraction of defects in NG materials increases the stored energy
and reactivity in non-passivating environments [91]. Thus, the grain size distribution is
expected to have a dual effect on corrosion performance depending on the
material/environment system [92,665]. NG SS may show high corrosion resistance when
tested in passivating media, while reporting decrement of corrosion resistance in non-
passivating electrolytes [92,665]. Besides, a high density of grain boundaries improves the
atomic diffusion over the surface [666,667], which can be translated into better Cr diffusion

towards the surface of NG SS.

Compared to CG Fe, the improvement of Cr diffusion in GS Fe obtained by SMAT has
been reported [667]. Thus, improved passivation behaviour due to better Cr diffusion may be
expected for GS SS. This was observed in a GS 304 SS with improved Cr diffusivity in the
NG surface compared to that in CG microstructures [668]. As a result, the improved
adherence and continuity of the passivation layer and the higher content of Cr in the surface
oxides positively influenced the corrosion behaviour of the GS 304 SS [668]. The behaviour
of the passive layer on most metallic materials can be compared to a highly doped
semiconductor, where the electrochemical behaviour of the surface layer and base material
are mutually affected [669]. More research about the passivation and corrosion performance
of GS SS in different passivating and non-passivating environments is needed to understand

their corrosion mechanisms [149].
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Regarding the effect of defects on the electrochemical behaviour of metals, only the
pitting initiated at recrystallised grains can form stable pits and then be propagated to form
micro pits [149,151,152,670]. Thus, an HLS 316L SS consisting of recrystallised, NG, and
UFG regions exhibited better pitting resistance than the CG 316L SS [152]. Compared to the
CG condition, the better pitting resistance of the HLS SS was observed by the increment of
pitting potential from 320 to 425 mV when tested in 3.5 wt.% NaCl [152]. As observed in
Fig. 24(a), the best pitting resistance of the HLS 316L SS was confirmed by delayed pitting
propagation of stable corrosion pits at the zone boundaries between recrystallised, NG and
UFG regions. Fast kinetics of metastable pitting formation and re-passivation of uniform,
continuous, and thick Cr-rich oxide layer might be related to the enhanced pitting resistance
of NG surfaces [149,457,671]. Contrastingly, pitting propagated across the grains to form

macro and micro pits when polarization potential increases in the CG SS.

Regardless of the grain size distribution, interfaces such as conventional grain boundaries
or zone boundaries are the preferred nucleation sites for pitting [653,672]. Therefore, pitting
initiates preferentially at high-energy boundaries instead of low-energy boundaries.
Although, high-energy boundaries also encourage the Cr diffusion to the surface [149,673]
to form a thicker and more efficient passive layer [82]. Thus, the boundary energy also has a
significant impact on the corrosion behaviour of HS SS. Considering that twin boundaries
have less energy than HAGBs [184], the high density of twin boundaries in NG SS may
encourage a higher corrosion resistance than NG SS with a high HAGBs density [674]. Thus,

the presence of low-energy boundaries, as twins, has a strong effect on the electrochemical
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behaviour of HS SS but also on their microstructural evolution, where nano-twin regions are
more stable than conventional NG regions when temperature increases (Fig. 8, section 4.1).
Systematic experimental and modelling research for optimising electrochemical behaviour

of HS SS through tailoring grain size and grain boundaries distributions is required.
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Fig. 24. Electrochemical behavior of heterostructured (HS) stainless steel, (a) propagation
of local corrosion (pits) on the surface of a heterogeneous lamella structured (HLS) 316L

stainless steel (SS) [152], (b) polarization curves and (c-e) pitting morphology of bimodal
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(BM), nanograined (NG), and as-received coarse grained (CG) 316L SS [506]. The BM,
NG, and CG microstructures can be appreciated at the insert of (c-e). (f) Comparison of
mean depth of erosion during cavitation and corrosion processes among the BM 316L SS

and different high entropy alloys (HEA), amorphous coatings, and bulk metallic materials.

Modelling and experimental studies in pure Mg and Al-alloys suggested that grain size
distribution rather than average grain size plays a dominant role in determining their
corrosion response [91,675-677]. The passivation kinetics is faster for the UFG material than
that in CG condition [91]. However, the uniformity of the passive surface layer is dependent
on grain size distribution. The corrosion performance of the bimodal structured 316L SS was
compared to its UFG and as-received CG counterparts (Fig. 24(b-¢)) [506]. The bimodal SS
showed the best corrosion resistance compared to UFG and CG SS, which was attributed to
higher stability and favourable electronic properties of the passive layer. Bimodal SS showed
an order of magnitude lowest current density (icorr) compared to the as-received CG alloy
(Fig. 24(b)). As a result, the corrosion rates were 0.001, 0.017, and 0.088 mm/year for the
bimodal, UFG and CG SS, respectively. Thus, the bimodal 316L SS demonstrated an
exceptional low corrosion rate. Furthermore, the average pit depth for bimodal SS was nearly
2.5 times smaller than the CG SS, supporting the best electrochemical performance of the
bimodal SS (Fig. 24(c-e)). Moreover, the kinetic results from potentiodynamic polarisation
measurements suggested exceptional corrosion resistance of bimodal grain structure in 3.5%

NaCl solution (Fig. 24(b)). The lowest corrosion rate for the bimodal condition is likely
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attributed to a higher fraction of Cr.Oz, which suggests higher atomic diffusivity. As
explained before, the high Cr diffusivity is related to the high density of grain boundaries, as
well as to the atomic packing fraction of martensite in the bimodal 316L SS. The lower
atomic packing fraction of BCT-martensite compared to that of the FCC-austenite supported
the increment of atomic diffusion of Cr, O, and Fe at the martensite phase [506]. Furthermore,
the bimodal 316L SS showed outstanding erosion resistance during cavitation erosion and
erosion-corrosion tests compared to some high entropy alloys (HEA), amorphous coatings,
and bulk metallic materials from the literature (Fig. 24(d), [506]). Plenty of research should
be carried out to optimise grain size distributions based on their passivation, diffusion, and
energetic behaviour. This might allow the prediction of corrosion performance during

multiple industrial uses of HS SS.

7.2. Microbial corrosion of HS SS

It is well known that biofilm formed by bacterial cells can influence corrosion processes,
potentially leading to either acceleration or reduction of material degradation [678,679].
Biofilms formed on metallic surfaces can act as an oxygen/ion concentration cell, with
different oxygen/ion levels inside and outside the biofilm. Bacteria presence may also trigger
the production of corrosive metabolites, such as iron sulphide and organic (ormic, succinic,
citric, isocitric, aconitic, oxoglutaric) and inorganic (acetic, formic, lactic, succinic) acids
[680-683]. One or more of these factors are often responsible for microbiologically

influenced corrosion (MIC), which is the electrochemical corrosion initiated and/or
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accelerated by the activities of microorganisms [680]. MIC is a bio-electrochemical process
that occurs under the combination of an energy source, carbon source, electron donor,
electron acceptor, and water. MIC has a strong economic impact as it can occur in various
environments such as soil, freshwater, seawater, power generation, marine engineering, and
oil field [680]. As a result, many industrial fields may be affected by MIC, e.g., cooling water
circulation systems of power plants, ship systems, oil exploitation, storage and transportation
systems, sewage and drinking water pipelines, locomotive fuel storage tanks, among others.
IC is strongly characterized by local corrosion (pitting) formation, and its kinetics and
extension are still unpredictable. MIC is responsible for 20% of all the corrosion damages
[684], 75% of corrosion of oil well pipes, and 50% of failures of buried pipelines in the USA
[685,686]. The direct cost of MIC is estimated to exceed RMB 50 billion per year in China
[685,686]. However, that data is out of date and might not reflect the actual losses today.
Nevertheless, the high losses caused by MIC are difficult to mitigate. Microstructure,
chemical composition, surface roughness, bacterial species, test medium, immersion
temperature and availability of nutrients play an important role in initial bacterial attachment
and subsequent biofilm formation [680,687—690]. Thus, the microstructural design of HS SS
should try to decrease its likelihood. Therefore, improving our understanding of MIC on
different microstructural systems is essential to take mitigation measurements in metallic
systems, especially those promising for multi-disciplinary fields, such as the HS SS.
Regardless of the high corrosion and pitting resistance of austenitic and duplex SS
(provided by the high contents of Cr, Mo, and Ni), the pitting corrosion caused by MIC is

still inevitable [683,691-697]. Some studies reported that the Pseudomonas aeruginosa (P.
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aeruginosa) biofilm could accelerate the corrosion of austenitic 304L SS and duplex 2205
SS [698,699]. Besides, Chlorella vulgaris (C. vulgaris) could promote local corrosion on
316L SS [700]. After 21 days of C. vulgaris incubation, local corrosion was observed with a
pit depth of 20 um from the surface [700]. In another report, the largest pit on dual-phase
2205 SS caused by P. aeruginosa reached 14 um [595]. From the above, a strong MIC effect
can be expected for HS SS systems, whether involving or not chemical disparities. There is
plenty of room for research on the effect of HS microstructures on MIC occurrence, being of
especial attention for HS SS to be applied in biomedical devices and liquid transportation or
storage transportation systems. Furthermore, MIC should be deeply studied in SS as based
material but also in SS welds.

As a structural material, welding of SS is essential for many applications and requires
singular attention. The heat-affected zone (HAZ), i.e., not melted region exposed to the effect
of welding temperature, produces different grain sizes and grain morphologies distributions
as a function of its distance from the welding point (due to temperature gradient). Thus, GS
SS profiles are used to form between the HAZ and the unaffected base metal [657,701,710—
712,702-709]. Besides, a welding process can join parts or use a filler metal with different
chemical compositions from the base metal. In that case, multiphase welding combined with
gradient grain size and morphology profiles might be obtained [703,713,722—728,714-721].
However, as explained in section 2, their classification as HSMs due to a significant
formation of HDI stress will strongly depend on the difference in flow stress (>100% for HS

SS) between the soft and hard zones.
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It was reported that in 304L SS welds, bacteria might colonize preferentially near welds
with an area of attachment inversely proportional to the average grain size [729]. As the
bacteria started colonizing, attachment mainly occurred on the grain boundaries of the base
metal and the y-a interfaces. The higher density of grain boundaries in the welded regions
resulted in more bacterial attachment than the base metal. Another example was the
Pseudomonas sp attachment significantly higher on weld and HAZ regions than on 304L SS
base metal [729]. Thus, base metal microstructure influences bacterial attachment and MIC
[729]. Consistently, it was reported that whether single or multiphase SS, the welded regions
are the highest influenced by MIC [730]. Another factor to consider in welded SS is chemical
disparities due to sensitization during welding. It was reported that sensitized 304 SS had the
highest bacterial density, followed by solution-annealed and oxidized conditions of the same
304 SS [731]. Those results were significant considering that preferential attack on welded
devices might occur in microbiologically-influenced environments [731].

Despite the above, pitting corrosion triggered by MIC might occur on both base metal and
weld seam. The pits can be formed by the bacterial colonies or their metabolism products
instead of the culture media [732-734]. It should be remarked that local corrosion is the main
reason for the fast and unexpected failure of SS. Pitting was observed in the base metal and
welded regions of two austenitic and one duplex SS in contact with sulfate-reducing bacteria
[730]. The pitting depth found in their work were 4.9, 5.6, and 7.4 pm for the two austenitic
SS and duplex SS base metals, respectively. The deepest pits on the weld seam areas were
6.2, 10.4, and 12.3 um, respectively [730]. The deepest pit on the weld seam was deeper than

that on the base metal. As explained before, welded regions alter the surface and local
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microstructure characteristics. The weld seam area of duplex SS seemed to have larger grains,
but a large number of fine sub-grains could be observed within the grains, which suggested
that the weld seam area contributed to a longer grain boundary per unit area than the base
metal. As grain boundaries are preferential sites for bacterial attachment, the local
microstructural condition at the weld seam increased bacterial attachment and resulted in
more severe MIC occurrence [729]. It was concluded that there was no large fraction of
biofilm and/or bacteria observed on the weld seam areas, but the weld seam microstructure
accelerated the MIC process. The main features related to these findings are the
microstructure and surface roughness [731,735]. Bacterial attachment occurs preferentially
at grain boundaries in SS [729]. Typically, the smaller the grain size, the worse the MIC
resistance.

The use of alloying elements to assist in grain size control can also be explored for
tailoring the corrosion performance of HS SS. For example, an austenitic SS with lower Cu
content had smaller grains than another with higher Cu content [729]. The pitting corrosion
and MIC resistance of the sample with small grains might decrease compared to the
microstructure with larger grains [730]. Then, the austenitic SS with higher Cu content could
act as antimicrobial material, which means that Cu is a desirable element to provide
antimicrobial capabilities to various materials [736,737].

It is worth mentioning that bacterial biofilms can either increase or inhibit corrosion rates,
depending mainly on the type of microorganisms involved and the test medium used [738].
Exploiting the possible advantages of bacterial biofilms, austenitic and duplex SS with

different Cu contents were exposed to bacteria cells, revealing improvement of MIC
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resistance as a function of the Cu content [730]. The microbial corrosion of Cu bearing 316L
SS in contact with an acid-producing bacterium Acidithiobacillus caldus (A. caldus) SM-1
was reported [380]. The Cu bearing 316L SS samples showed effective antimicrobial
activities in the biotic medium through a lower biocorrosion rate in the presence of A. caldus
SM-1. The authors showed that the direct contact of copper oxides in the surface film and
indirect ionic Cu?®* released from the substrate might be synergistically responsible for the

enhanced anti-biofilm and anti-MIC properties of the 316L-Cu SS [380].

8. Other properties of interest
8.1.  Biological

Metallic SS implants (mostly temporal) meet many essential criteria for biomedical
applications, including high wear and corrosion resistance, biocompatibility, appropriate
strength to ductility relationship, cost-effectiveness, and are commonly obtained by simple
production processes [140,739]. For example, 316L SS is suitable for orthopaedic wires and
screws, cardiovascular applications, artificial joints, and spinal fixation devices
[151,322,740]. Many dental and surgical implants are made of SS because of their low risk
of thrombosis and notable in vitro and in vivo biocompatibility [741].

It is well reported that nanostructuring methods provoke significant changes in the
physical and mechanical properties of metallic materials [742]. In addition to making the

metal implant itself more bioactive, changing the grain size has also been shown to alter
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biological properties [743-747]. Increments in surface area by nanostructuring result in
higher surface reactivity and promote cells interactions [748]. Thus, the high surface energy
of fine-grained materials triggers the protein adsorption and subsequent cell attachment, cell
proliferation, and cell differentiation [749]. Thus, nano-and/or sub-micrometre biomaterials
are known to be more advantageous for tissue growth than the CG ones. Besides, the high
biocompatibility of NG microstructures implies high corrosion resistance [749]. The
difference in biological behaviour between the NG and CG SS is a consequence of reducing
ion release due to the higher corrosion resistance and higher presence of chrome oxide at the
passive surface layer of NG SS.

Regarding ion release, decreasing the presence of some metallic ions common in SS, such
as nickel, significantly decreases cell deaths [151]. The presence of nickel in the body
environment may intensify the excitement of the surrounding organic tissue, resulting in
necrosis and poisoning [151]. Thus, the biocompatibility of metallic implants fundamentally
depends on their reaction to the surrounding environment [750,751]. Reducing the corrosion
rate and release of poisonous ions drastically increases the implant biocompatibility [751].
Due to the high nickel content, SS is mainly used for non-permanent biomedical implants.

Concerning surface layer composition, the high presence of chrome oxide on the surface
of the SS significantly improves the implant biocompatibility, i.e., its biological behaviour.
As explained in previous section 7.1, a high density of grain boundaries improves the Cr
diffusion towards the surface of NG SS. Chrome oxide can be considered a favourable factor
in bioactivity and corrosion behaviour [752]. From the above, it is considered that the NG

surfaces of GS SS might strongly contribute to improving the biological behaviour of HS SS.
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For example, a 316L SS reduced gram-positive bacteria adhesion after surface
nanostructuring by severe shot peening [753].

Intensive efforts are being made to improve the antimicrobial properties of SS. One route
is applying chemical surface treatments, i.e., by elaborating layer structured SS. A nitride
surface layer on a 303 SS reduced the viability of gram-negative Escherichia coli (E. coli)
within 24 h [754]. The strong microbicidal effect of the nitride layer is shown in Fig. 25.
From Fig. 25(a), the E. coli bacteria on the conventional 304 SS remains intact, while it has
an irregular shape on the antimicrobial nitride surface of 303 SS (Fig. 25(b)). Thus, the
nitrided layer significantly inhibited the growth of gram-negative E. coli on the layer
structured 303 SS [754]. Another example is a duplex SS coated with Ti-Cu that improved
the wear resistance, corrosion resistance and surface bacterial inhibition [325]. Another work
demonstrated that Cu coating in 317L SS possessed a satisfactory antimicrobial ability
against Staphylococcus aureus (S. aureus), decreasing its proliferation by 98.3 % after 24 h
in contact with the samples [381]. A similar result was obtained in 430 ferritic SS coated
with Cu with a rapid inactivation ability against E. coli [383]. However, the antimicrobial
properties of layered SS are not exclusive to Cu additions. The aged 2205 duplex coated with
polygonal Ag-NPs showed high antimicrobial properties against E. coli and S. aureus [160].
Another SS was covered with Ag and Cu nanofilms, finding that Cu nanofilms were the most
efficient against S. aureus, Enterococcus faecium, Enterococcus faecalis, P. aeruginosa, and

Bacillus anthracis [339].
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A different route to provide antimicrobial properties to SS is by elaborating multiphase
SS by adding bulk second phases or metallic nanoparticles (NPs). However, the size and
concentration of the second phase have inverse and direct relationships, respectively, with
the antimicrobial efficacy [755-757]. Reducing NPs agglomeration also benefits the
antimicrobial efficacy due to the increment of surface area for interaction with bacterial
membranes [758]. NPs are highly promising against microbes' multidrug resistance that
resulted from the broad use of antibiotics [758]. The NPs are useful for multiple applications
as medicine, food production and packaging, catalysis, chemical reactions, optoelectronics,

among others [759].

From the reported metallic and antimicrobial NPs, Ag and Cu NPs are most effective
against multiple microorganisms, including bacteria, viruses, fungi and algae [759]. Ag and
Cu NPs have shown efficiency against microorganisms such as influenza A (H1N1), candida
albicans, E. Coli, S. aureus, salmonella enterica, SARS-CoV-2, among others
[755,759,760]. However, Cu is much more accessible and costs less than Ag. It is worth
mentioning that antimicrobial copper alloys are currently included in the list of supplemental
residual antimicrobial products against COVID-19 of the U.S. Environmental Protection
Agency (EPA) [761]. Diverse antimicrobial mechanisms of Cu have been reported [762],
including fragmentation and cell death [763], membrane damage [764] or interruption of
biochemical processes of microbes [762], pointing to Cu as a highly efficient antimicrobial
material. Despite its toxic effect on microbes, Cu is non-toxic to humans and is an essential

trace element for physiological and metabolic processes [765].
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The strong microbicidal effect of NPs can be combined with the already mentioned
advantages of SS. Moreover, SARS-CoV-2 is more stable on the surface of SS in comparison
with that of Cu [766,767]. Figure 25(c) shows the inhibition of Porphyromonas gingivalis on
the surface of the aged 304 SS with 3.9 wt.% Cu after being cultured for 4, 6 and 8 h compared
to a conventional 304 SS [164]. The sterilization rate of the multiphase 304 SS-Cu was 36.8,
71.6, 96.3, and 100 % after 4, 6, 8, and 10 culture hours [164]. Besides, Cu additions in
austenitic 316L SS improved corrosion resistance in an H>SOs4 medium [768]. Other
antimicrobial multiphase SS have used Ag NPs, obtaining a high effectivity against multiple
microbes [160-162]. Deep and systematic studies on corrosion, toxicity, biocompatibility,

and microbicidal mechanisms in antimicrobial HS SS remain for further explanation.
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4303 SS-nitriding

304 SS-Cu

Fig. 25. Antimicrobial activity and SEM images of the Escherichia coli morphologies on
(a) 304 stainless steel (SS) and (b) 303 SS with surface nitride layer [754], as well as (c)
morphologies of Porphyromonas gingivalis on conventional 304 SS and antimicrobial 304
SS with 3.9 wt.% Cu after cultured for 4, 6 and 8 h [164].
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Thus, NPs or bulk antimicrobial second phases additions are up-and-coming options to
develop HS SS with a practical combination of outstanding mechanical and antimicrobial
properties. However, the coherent and soft nature of low contents of Cu NPs could be related
to negligible mechanical performance tailoring of HS SS. The introduction of zone
boundaries (with a large difference in flow stress) into those multiphasic microstructures
might be necessary to drive the mechanical behaviour simultaneously with the antimicrobial.
There is still scarce research on antimicrobial SS with superior mechanical properties, but
some reports can be taken as starting points. HLS SS with Cu additions have been developed
without seeking the formation of Cu NPs [54,168,769]. Another HLS SS with Cu NPs was
reported without deep information about the NPs distribution and the antimicrobial
mechanisms [53]. Other antimicrobial multiphase SSs with Cu NPs have been reported
without improvement of the mechanical performance of the alloy [164-167]. Efforts on
designing and understanding the fundamental mechanical and biological mechanisms of new
antimicrobial HS SS should be carried out. Those efforts should also aim for low-cost and

large scalable fabrication routes.

Another important ability of metallic biomaterials is protein adsorption, indicating their
biocompatibility and being a key factor for their feasibility as biomedical implants. A GS
316L SS with an average surface grain size of 10 nm prepared via an ultrasonic shot peening
revealed a significant enhancement in human osteoblasts compared to the CG 316L SS
surface when tested in-vitro [770]. This enhancement may be related to the ultra-high

boundary density on the NG surface, which promoted protein adsorption by providing
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continuous protein adsorption sites with a partially exposed surface when encountering
biological environments. A significant increment of protein adsorption and surface area was

also reported for GS 304 SS compared to conventional CG 304 SS [771].

8.2. Thermal stability

Heterogeneous grain size, like those in GS, HLS, multimodal, and harmonic SS, and
chemical disparities, like those in layer and multiphase structured SS, are the most studied
heterogeneities in SS up to now. Regarding the stability of different phases. An HS 304 SS
reported a microstructural evolution described by deformed y recrystallisation, vanishing of
dislocations and twins, increasing fraction of NG vy, and non-evident y grain growth after
annealing at 700 °C for 1 h [772]. Moreover, from section 4.1, cold deformation leads to SIM
in metastable austenitic SS [773], which affects the response of the material to the subsequent
annealing. The formation of «’-martensite during deformation by HPT in 304 and 316 SS
was observed, while the e-martensite formed only in the former [774]. Low-temperature
annealing (~ 350°C) led to the decrement of «’-martensite content in the 316 SS, but its
increment in the 304 SS [774].

Regarding grain size, nanostructures with a high density of HAGBSs possess higher grain
energy and, consequently, have lower thermal stability than coarse grains [218]. This is
because surface energy is the driving force for grain growth [775]. Similarly, a decrement in

thermal stability in materials with broad grain size distributions (nanometric to micrometric)
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can be expected compared to CG materials. For instance, an HLS 304L SS showed a faster
grain growth kinetics in the microstructure with a smaller grain size (after CR) than that
processed by warm rolling [173].

Another example of the strong effect of grain size on the thermostability of HS SS is an
HLS 316L SS consisting mainly of nano-twins, nano-grains, and lamellar coarse grains. This
HS SS showed a preferential initiation of recrystallisation in the NG regions, followed by the
nano-twin regions, and lastly, the CG regions [21]. Recrystallisation nucleation usually starts
in high stored energy regions. The higher thermal stability of the coarse lamellar grains can
be observed in the microstructural evolution of Fig. 26(a) [21]. Thus, the grain size has an
inverse relationship with its thermal stability. The thermal stability of HLS 316L SS (with
nano-twin, UFG, recrystallised and lamellar coarse grain regions) after 12 h annealing up to
650°C was reported to be good (in terms of remaining as an HS microstructure). In contrast,
rapid grain growth of recrystallised grains at 700°C revealed the industrial service limit
temperature for HLS 316L SS [602].

The thermal stability of NG regions was studied in a SMAT-processed GS 316L SS [256].
The NG surface was stable up to 600°C for 10 min. However, further increment in
temperature led to a fast increment in grain size (Fig. 26(b)), the change in strength and
ductility (Fig. 26(c)), as well as abnormal grain growth (AGG), leading to the formation of
larger grains with poorly defined grain boundaries (e.g. after annealing at 700 °C for 2 h)
[256]. It is noteworthy that the occurrence of AGG has been reported at temperatures ~850
°C in UFG [171] and CG [776,777] austenitic SS. Therefore, the presence of nanograins

seems to take part in the observed behaviours. Similarly, Jiang et al. [778] reported that the
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obtained hierarchical nanostructure (with UFG grains, UFG precipitates, nano-twins and high
densities of dislocations) by HPT remained stable up to ~600 °C. Annealing at higher
temperatures led to uninhibited grain growth and decreased hardness [778]. In another study
[779], heterogeneous NG 316LN SS with different Mn contents (obtained by 90% CR)
retained its hardness up to 600 °C.

Discontinuous dynamic recrystallisation (DRX) during hot rolling might lead to HS
microstructures [780,781], resulting in different storage energy in deformation bands and
DRX grains. DRX led to broad grain size distributions upon heating a 316H SS to elevated
temperatures [193]. With longer holding times at 1000 °C, grains gradually grew up, and the
larger grains continued to swallow adjacent smaller grains, even presenting abnormal
annexation or growth. However, stepped heating from low to high temperatures might solve
the problem. Accordingly, a grain size uniform distribution can be achieved, which is a novel
idea for regulating grain size in deformed and annealed SS [193]. Another study showed that
an isothermal annealing is an effective way for acquiring an UFG microstructure in severe
CR-processed austenitic SS [782]. Heating rate and critical recrystallisation finish

temperature were important factors in that regard..
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Fig. 26. Effect of annealing temperature on the microstructural and mechanical properties

evolution of different heterostructured (HS) stainless steel (SS). (a) Microstructural
evolution during annealing at 750°C for different times of a heterostructure lamella

structured (HLS) 316L SS, where NT refers to nano-twin, NG to nano-grained, LCG to
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lamellar coarse grained, and RG to recrystallised grained regions [21]. (b) Variations of the
surface average grain size, near-surface hardness, and (c) mechanical properties with
different annealing temperature for 10 min on a gradient structured (GS) 316L SS [256]. (d)
Changes in grain size, LAGB fraction, () and mechanical properties on an harmonic
cellular structured 316L SS as a function of annealing temperature for 1 h, as well as (f)
calculated differences on Cr and Mo contents between cell walls and cell interior as a

function of annealing temperature and time [461].

The dynamic recovery and grain boundary mobility are less efficient in low-SFE
materials (like SS) than in high-SFE materials [783]. However, some microstructural defects
might influence the dynamic recovery of SS. The effect of hetero-interfaces formed by
soft/hard zones, as well as the typical high density of defects (explained in detail for each
kind of HS SS in section 4) as grain boundaries, twins, shear bands, stacking faults,
dislocations, among other, should be considered due to the different thermal tolerances
between them. From the above, the energy of different defects’ boundaries is also an
important factor to consider when increasing temperature. It is well reported that recovery
and recrystallisation processes are preferentially initiated at high energy
interfaces/boundaries. Thus, the presence of low-energy twins, LAGB or coherent second-
phases [218] might contribute to the strengthening and thermal stabilisation of materials.

Considering that nano-twins have lower stored energy (commonly an order of magnitude

smaller than HAGB), i.e., higher thermal stability than nano-grains determined by HAGB in
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SS [25,218], the recrystallisation in HS SS occurs preferentially at the NG/UFG regions
instead of at twin regions [21,778]. As a result, the nano-twin regions remained in the
microstructure when the temperature increased, even when the NG zones mostly vanished
[21]. Such microstructural evolution after annealing was deeply explained from Fig. 8 of
previous section 4.1.

Besides, it is well reported that LAGB has lower energy than HAGB [218], which was
also observed in an HS 316L with harmonic cellular structures elaborated by AM [461]. From
Fig. 26(d), the LAGB showed thermal stability up to 1000 °C, while the grain delimited by
HAGB remained stable up to 800 °C [461]. Furthermore, the microstructure remained stable
with reduced strength to ductility trade-off even after annealing up to 600 °C, as can be seen
in Fig. 26(e) [461]. However, annealing beyond 600 °C led to the gradual disappearance of
cellular dislocation walls, also provoking the decrement of mechanical properties through the
strength to ductility inverse relationship typical of homogeneous metallic materials [461].
Thus, the stability of the dislocation cells strongly affects the strength retention in the material
[441]. The previous result was similar to the other cellular structure 316L SS produced by
AM, which were stable after annealing up to 800-900 °C for 6 to 15 min [441,464,477]. In
fact, the recrystallisation and grain growth took place just after the disappearance of the
dislocation cellular structures, which implies its stabilisation effect.

The non-equilibrium high-angle grain boundaries might show higher mobility than
nanotwinned and low-angle boundaries [784]. On the other hand, the coherent interphase

boundaries (5-200 mJ m2) are less energetic than the semi-coherent (200-800 mJ m2) and
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the incoherent (800-2,500 mJ m2) ones [218]. This interface energy provides the thermal
dynamic driving force for particle growth.

Coherent second phases in multiphase SS are more effective to restrict dislocation slip
than their incoherent counterparts because they create higher lattice strains at the interphase.
However, that increment of energy can reduce the thermostability of the alloy. For example,
the dynamic dislocations recovery of an austenitic HS SS elaborated by HPT and 1 h
annealing at temperatures from 400 to 900°C was encouraged by the high density of
dislocations and the presence of Cu-rich UFG-precipitates [778]. The UFG size of the Cu
particles suggested a low coherency with the matrix. However, Cu nanoparticles used to be
coherent with the SS matrix [785,786]. As explained before, the coherent interfaces have low
interface energy, which triggers high strain energy to act as resistance for precipitate growth.
Thus, low interface energy and high strain energy can be expected when coherent Cu particles
exist in the SS matrix, which leads to slow precipitate coarsening kinetics [785]. The
resistance to particle coarsening when temperature increases is an important factor for
particle pinning effect [775]. The kinetics of coarsening of pinning particles can be expressed
by Eq. (6) [787].

r3—1§ ocDs t (6)
where roand r are the average initial and final radii, respectively, and t is the soaking time
based on the diffusivity Ds. Moreover, grain growth kinetics can be decreased by drag solutes
or pinning particles dispersed in the matrix [775,788]. A common example of the above is
the delayed atomic diffusion in 316L SS due to its Mo content compared to 304 SS.

Molybdenum is an a-stabiliser that increases the minimum temperature for shear reversion
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to occur [190]. This is the reason for the faster SIM reversion kinetics in 304L SS compared
to that of 316L SS [206,207]. However, the increment of temperature allows a point where
the impurities of SS can no longer restrict the diffusion and grain mobility. Thus, the
concentration of solute atoms at the boundaries (c) decreases as a function of the temperature,

as indicated in Eq. (7) [775].

U
C o eRT (7)

where R is the gas constant, T is temperature, and U is the activation energy to move a
vacancy. Thus, by increasing temperature, the completion of reversion (SIM to y) followed
by the recrystallisation of the retained y and grain growth can be accelerated in both 316L
and 304L after ~1000 °C [206,207,789]. Regarding the atomic diffusion of solute, the
diffusion of Cr and Mo was simulated by CALPHAD for a harmonic cellular structure 316L
SS at different temperatures and times [461]. The results are shown in Fig. 26(f), where the
diffusion of Cr and Mo starts and finishes from about 650 °C to 850 °C. After annealing at
800 °C for 1 h, the chemical content differences between the cell wall and the cell interior
are less than 0.4 at.% of Cr and 0.1 at.% of Mo. Both elements, Cr and Mo, are homogenised
in the matrix below 900 °C. However, much longer annealing times are necessary for
diffusion to occur at temperatures below 500 °C. As indicated in Fig. 26(f), 1000 h at 500 °C
annealing could be necessary to detect a difference in the chemical composition between the
cell wall and the cell interior due to diffusion of Cr and Mo [461].

The grain growth kinetics can be studied by the parabolic grain growth kinetics formula

of Eg. (8) combined with the Arrhenius equation expressed by Eq. (9) [173,789-791]:
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D —D, =Ktn (8)

K = Ky e#7) ©)
where D is the average grain size after applying the temperature T for the time t, Do is the
initial grain size, Ko is a constant, n is the grain growth exponent, and Q is the apparent
activation energy for grain growth. The values of n and Q are the basis of kinetics grain
growth analysis and can be experimentally determined by plotting the parabolic grain growth
functions. From Eq. (8), it can be seen that n is expected to be high for small grain growth,
i.e., for slow kinetics. During annealing, the temperature of the previous deformation step
significantly affects the grain growth kinetics. For instance, Tikhonova et al. [792] reported
n of ~2 for 304 SS subjected to multidirectional forging at 600 °C and then annealed at 800
°C; whereas a larger n of ~4.6 was obtained for the samples multidirectional forged at 800
°C. Moreover, the other influencing factors regarding the deviation of the kinetics parameters
(n and Q) from the expected values have been recently summarized [775]. However, the
kinetics of grain growth has remained to be studied for HS SS.

More studies on the thermostability of HS SS are needed considering their multiple
common factors as heterogeneous distributions of grain size, defects, hetero-interfaces of low
and high energy, crystallographic texture, alloying elements, second phases, stress,
segregation of solutes at boundaries, pinning particles, grain boundary mobility, diffusivity
disparities, thermal coefficient disparities, and thermal conductivity disparities. Furthermore,
the kinetics of abnormal grain growth requires experimental and modelling efforts to identify

its origins and construct suitable models that contemplate all the previously mentioned
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variables [775]. Regarding the origins, pinning particles, crystallographic texture, or
distributions of grain boundaries with different mobilities have been pointed out as possible
initiation points for abnormal grain growth [793-796]. However, these hypotheses should be
systematically investigated. Machine learning might serve as a powerful tool for considering

the multiple variables in the grain growth mechanisms.

8.3. Magnetic properties

Stainless steels have not been used as magnetic materials since their magnetic capacity is
always below that of conventional magnetic materials [797,798]. However, there are
circumstances and applications where the accuracy of calculation of the magnetic properties
IS required, such as using SS in superconducting accelerator magnets for high energy physics
[799]. It is well known that the fully austenitic SS grades are paramagnetic, while hard or
permanent magnetic behaviours can be attributed to the presence of ferromagnetic structures
(ferrite and/or martensite) [798,800-803]. Both the y and the &- martensite phases are
paramagnetic (nonmagnetic), while «'- martensite and delta ferrite phases are ferromagnetic
(magnetic) phases [800,804]. During plastic deformation, most austenitic SS undergo a
martensitic transformation from FCC-austenite phase to BCC- a'-martensite through HCP-¢
-martensite as an intermediate structure [507]. Therefore, the magnetic properties of SS are
strongly dependent on the plastic deformation-induced martensite transformation

[797,805,806].
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The magnetic properties of multiphase SS strongly depend on the fraction of magnetic
(ferromagnetic) phases [803,806-808]. Saturation magnetization changes monotonically
with the amount of magnetic phase in SS [803,804]. Consequently, magnetic characterization
has been used to estimate the volume fraction of the «'-martensite phase in SS
[802,805,806,809]. The amount of ferromagnetic phase can be determined as a function of
the saturation magnetization (Ms). The formula of S. Tavares et al. [802,807,808] can be used

for this purpose (Eg. (10)).
(10)

where Cn is the martensite volume fraction and M; is the intrinsic saturation magnetization
of the magnetic phase in a unit of Am?/kg (or emu/g). It was reported that the second phase
precipitation in a hot-forged duplex 2304 SS by ageing treatment reduced the volume fraction

of the martensite from 92% to about 68%, decreasing the magnetic properties [810].

In addition to the phase composition, the magnetic properties of SS are influenced by the
microstructure and texture [803,811]. Generally, the magnetic properties of SS are mainly
affected by grain size, shape, and distribution of «"-martensite phase in the SS [804,809,811].
A large amount of martensite influences the magnetic saturation value, whereas the coercive
force is an essential magnetic property that is influenced by particle size, shape and
distribution of a'-martensite [805,809]. Moreover, the minor-loop coefficient gives
information about the size of a'-martensite clusters and their interaction with the y-austenitic

matrix [804].
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Recently, the magnetic properties of austenitic HLS 317L SS produced by CR and
annealing were studied [801]. The CR 317L SS had about 2.3% a'-martensite and 4% delta
ferrite, while y was the predominant phase. After CR, the SS had an HLS microstructure with
eye-shaped nanostructures and elongated delta ferrite islands. The saturation magnetization
changed significantly with annealing temperatures reaching higher magnetization at 400°C.
After this temperature, both austenite reversion and delta ferrite transformation into a sigma
(paramagnetic) phase occurred, and therefore, Ms decreased with increasing the annealing
temperature. At the same time, the coercive force changed similarly to the saturation
magnetization, except at 700°C, where a significant increase of coercive force was observed.
Such magnetic anisotropy behaviour of the HLS 317L SS can be related to the fragmentation

of the elongated delta ferrite islands [801,803].

In summary, the magnetic properties of HS SS are not clearly in the literature. More
studies are needed to clarify the relationship between the magnetic properties of HS SS and
its microstructural features. Therefore, extensive studies are required to investigate the
influence of texture, residual stress, grain size, grain shape, twinning, dislocations, and
hetero-interfaces regions on the magnetic behaviour of HS SS. Advanced simulation and

modelling studies may be useful to predict and optimise the magnetic properties of HS SS.
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9. Future directions

Each previous section of this review included particular opportunities for future studies.
However, Fig. 27 illustrates the main general paths to boost the development of HS SS for
multiple multidisciplinary applications. Those paths included the unknowns in fundamental
physics of deformation and strengthening mechanisms, final properties, simulation efforts to
design improved HSMs, and communication to motivate more international scientific groups

to study and develop HSMs.
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Fig. 27. Future directions for heterostructured (HS) stainless steel (SS) field.

The research on the fundamental physics of mechanisms to understand and design HS SS
includes revising the strain gradient plasticity theory and supporting the improvements with
experimental and modelling results. The following main point to be studied is the stress
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distribution along different hetero-interfaces. Considering that different hetero-interfaces can
be formed among boundaries with different energies, such as HAGBs, LAGBs, hard/soft
zones, twinning, second phases, shear bands, stacking faults, etc., the HBAR defined by the
stress distribution might be different for each particular kind of HS SS. Besides, cellular
dislocation networks in the AM SS [433-435] are formed by high dislocation density
arrangements within zones of similar chemical composition, crystalline structure, and grain
sizes (explained in section 4.5). Different from the “typical” hard/soft hetero-interfaces of
HS SS, in which the back stress is formed in the soft region and consequent forward stress is
formed in the hard zone (explained in section 2), the cellular structures are constituted by
soft/hard (dislocation network)/soft regions. Thus, the magnitude and the distribution of

stress through the cellular borders are unclear.

On the other hand, the interaction among the multiple strengthening mechanisms in HS
SS (solid solution, dislocation accumulation, second phases dispersion, HDI, twinning, and
strain-induced phase transformation) should be further studied to determine their mutual

influence on the microstructural evolution and final properties of HS SS.

For last, from section 2, the formation and interaction of back and forward stress during
the elastic-plastic and plastic regimes are crucial for tailoring and optimising the processing-
microstructure-properties relationship of HS SS. It has been reported that there is not a
continuous linear increment of HDI with the strain applied to HS SS [99,575]. The fast

increment of back stress in the elastic-plastic regimen and slower in the plastic one should be
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revised and explained [20,46,486]. Besides, it is not clear how back and forward stress

interact to produce the HDI stress.

Understanding these issues will allow describing the fundamental physics and processing-
microstructure-properties relationship of HSMs. Furthermore, like SS, most HSMs studied
until now have been on the FCC system. Efforts to study the deformation and strengthening
mechanisms on HSMs with crystalline structures different from FCC are also needed. This
may improve the designing and final properties of multiphase or LS SS materials with phases

of different crystalline systems.

In terms of properties of HS SS, systematic studies of texture and residual stress effects
on different properties such as mechanical, corrosion, magnetic, thermic, biological, etc., are
needed. Additionally, improved routes for estimating HDI stress can also be designed. The
unloading-reloading method for estimating the HDI stress (Fig. 5, section 2.3) considers that
the GND structures are reversible during the unloading-reloading cycle [19], which may not
satisfy materials with high HDI stress. The design of an improved route for estimating HDI

stress will also enhance the study of HS SS properties.

The design of new HSMs through innovative combinations of conventional
thermomechanical processes or by designing new processing methods also remains for future
developments. As illustrated in Fig. 28(a) and explained in section 3, the outstanding
mechanical properties of HS SS can be exploited for several multidisciplinary purposes as
biomedical, biosafety, automotive, aeronautic, architectural, optoelectronics, energy-

conversion, tribology, nuclear, structural, magnetic, food-processing, daily uses, sensors,
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among others [4—6]. Some examples are the design of antimicrobial, corrosion-resistant,
magnetic, or biocompatible alloys combined with the superior mechanical performance of
HS SS. Those studies should be based on the different low-cost and large-scalable

thermomechanical routes to ensure the cost-effectivity of the HS SS.

Besides, the heterogeneous nature of HSMs allows exploring plenty of microstructural
disparities, like heterogeneous grain size, density of defects, crystallographic texture, as well
as chemical, magnetic, electrochemical, electric, thermic, biological, among other disparities
(Fig. 28(b)). As a result, the HSMs, including HS SS, are promising to reduce multiple typical
trade-offs of the materials science field. As seen in section 6, the trade-off that has gained the
most attention from the HSM community is the typical increase in strength with a decrease
in ductility, or inverse. However, there are other several trade-offs to overcome (Fig. 28(b))
by adding different disparities to materials. The authors of this review encourage the
scientific community to join multidisciplinary research efforts and develop improved HS

devices to improve or replace the conventional ones.
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171



Considering that modelling is a powerful tool to predict and optimise materials’
behaviour, there is plenty of work in emerging fields such as HSMs. The advanced modelling
methods can study the deformation and strengthening mechanisms of HSMs to predict and
design improved materials. Further development of the models is also necessary to reproduce
the microstructure evolution and mechanical responses in the more realistic time and length
scales. For instance, although the current FE model can reproduce the effect of grain size and
distribution on strengthening mechanisms that are controlled by intragranular dislocation
plasticity in polycrystals, it is still challenging to simultaneously track the movement of grain
boundaries. Since shear rotation, migration of grain boundaries, and deformation-induced
grain growth can occur in polycrystalline materials, it is essential to develop advanced

continuum modelling techniques further.

Optimising the volume fraction, density and space between hetero-interfaces to maximise
the mechanical properties of HSMs also remains for further simulation efforts. Other
microstructural factors such as texture, residual stress, grain size, grain morphology, twinning
and SIM can also be modelled to predict their effect on different properties of HSMs. The PF
model has been widely used to study the microstructure evolution as well as the deformation
behaviour (e.g., crack propagation, etc.). However, the large-scale simulation requires high
computing resources and is time-consuming. Similarly, MD simulation is powerful to depict
the detailed deformation processes in multiscale, including dislocations, twinning, and grain
boundary activities. Nevertheless, due to the limitation of computing capacity, most MD

simulations are conducted with grain size of ~10 nm, which is far smaller than multiple HS
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SS systems with nanometric to micrometric grains. Therefore, combined with advanced
computing techniques, it will be promising to increase the scale and accuracy of such models.
In addition, integrating the novel machine learning approach with the physical or atomic
model is another promising way to study and optimise the microstructure and properties of

advanced materials [813].

For a complete HSMs development scheme, the dissemination of findings, exchanging
ideas, and establishing multidisciplinary collaborations are necessary actions to promote
HSMs applications. Some forums to discuss heterogeneous materials have been created, such
as the symposia “Tailoring Mechanical Incompatibility for Superior Properties”,
“Heterogeneous and Gradient Materials”, and “Heterogeneous Materials” during the Annual
Meeting of The Minerals, Metals & Materials Society (TMS) 2016 and 2019, and the Gordon
Research Conference, 2019. However, the fast-growing HSMs field requires a specialized
forum dedicated to this topic. In response to this need, the First International Conference on
Heterostructured Materials (HSM 1) will be held in July 2022. Simultaneously, the creation
of free-access updated textbooks and databases with the last findings of HSMs may trigger
the understanding of this emerging field and motivate new generations of young researchers
toward its study. Considering that the last aim of new materials development is their
applications to solve real industrial problems, creating industrial forums to exploit and

disseminate the cost-benefit of HSMs applications is also necessary.
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