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Abstract 

The microstructure of a Cu43%Cr  alloy after high-pressure torsion (HPT) processing and 

annealing for 1 hour was analyzed using Doppler broadening – variable energy PAS (DB-

VEPAS) and conventional positron annihilation lifetime spectroscopy (cPALS). DB-VEPAS 

analysis of the near-surface defects reveals the existence of a nanosized oxide layer whose 

thickness increases from 43 nm to 103 nm with temperature (210°C-850 °C) while the diffusion 

length is unaffected around 20 nm. cPALS analysis revealed two lifetime components of the 

bulk defects, namely the components related to either vacancies or dislocations, for the as-

received material with annealing at 925°C. After HPT processing, the alloy showed two 

components which correspond to positrons trapped and annihilated at dislocations (lifetime ̴ 

160 ps) in Cu and Cr and at clusters of vacancies (about 13-10 vacancies). The intensity of the 

first component decreases with increasing annealing temperatures from 210 to 850 °C, thereby 

implying a partial annihilation of dislocations due to microstructure recovery. The variation of 

the second component depends on the variation of vacancy cluster size (from about 13 and 10 

to about 4 vacancies) resulting from different annealing temperatures. Additionally, Vickers 

microhardness measurements show that the alloy is substantially hardened after processing by 

HPT for N = 20 turns. After annealing for 1 hour at 210, 550 and 850°C, the HPT-processed 

alloy after 5 turns demonstrated a gradual softening by microstructural recovery. Annealing-

induced hardening is observed after HPT for 20 turns followed by heating up to 550°C while 

softening is observed after annealing at 850°C.  

Keywords: Cu-Cr; defects; immiscible alloys; high-pressure torsion; positron annihilation 

spectroscopy. 
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1. Introduction  

Immiscible metallic alloy systems, such as Cu-X systems with alloy elements having different 

melting temperatures, have motivated considerable interest over the last decades owing to their 

desired mechanical, electrical and physical properties [1]. Within the immiscible alloys, Cu-X 

(X = Cr, W, Fe, Ta, Mo etc.) pseudo-alloys are often prepared by mechanical alloying. Cu–Cr 

pseudo-alloys are characterized by the existence of two classes. The first class concerns the 

copper alloys containing 1-10 wt.% addition of chromium [2, 3]. Due to the very low solubility 

of Cr of 1 at.% in solid Cu, the alloys dissolve Cr in an oversaturated solid solution or contain 

it in metal clusters. The second class Cu–Cr is outlined by composites containing essentially 

equal mass fractions of Cu and Cr [4, 5]. For this second class, the immiscible Cu- and Cr-based 

phases form two phase microstructure morphology.  

The motivation for the development of immiscible Cu-Cr alloy is twofold : (i) Industrial 

applications such as contact wires and cables for railways [6], lead frames in integrated circuits 

[7] and electric contacts in high voltage electrical circuits [4, 8], and (ii) functional properties 

that can be further improved. Indeed, the Cu-Cr alloys are promising in applications that require 

an optimum combination of mechanical strength and electrical conductivity as well as excellent 

oxidation and corrosion resistance [9]. Contrarily to pure Cu, after standard thermal treatments 

these alloys show an ultimate tensile strength of more than 450 MPa and 75 to 85 % IACS and 

thermal stability up to a temperature of 450°C [9, 10]. For academic consideration,  Cu-Cr alloy 

represents one of the model nanostructured systems when considering the microstructure-

properties correlations as well as the thermal stability [11, 12]. Indeed, as stated by Kormout et 

al. [13] composites of immiscible alloys are very attractive owing to their higher structural and 

thermal stability than those of single-phase alloys. A positive Gibbs free energy change for 

forming a solid-solution alloy in the equilibrium state is characteristic of this binary immiscible 

system in the solid state [11]. Nevertheless, many authors have evidenced the formation of 
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supersaturated solid solution during ball milling (BM) [14, 15] or after severe plastic 

deformation by high-pressure torsion [12]. Moreover, these non-equilibrium processing 

techniques have been shown to ensure tunable ultrafine nano-grained microstructures [16]. 

The immiscibility of this alloy system is determined by the maximum solubility of Cu in body-

centered cubic (bcc) Cr of less than 0.2 at.% and Cr in face-centered cubic (fcc) Cu of 0.89 at% 

at 1350 K. No intermetallic phase is found in the available phase diagram of the system [17].  

To date, the mechanical properties, microstructure, nanostructure, phase transformation, and 

sub-nanometer scale compositions have been thoroughly analyzed in Cu43%Cr  alloy after 

high-pressure torsion (HPT) using a series of techniques including atom probe tomography 

(APT), X-ray diffraction (XRD), energy-dispersive synchrotron diffraction (EDXS), high 

resolution and scanning electron microscopy (HRTEM, STEM) [1, 12, 18, 19]. Besides the 

significant microstructural refinement leading to the strengthening of the material, HPT 

processing introduces shear-induced intermixing of normally an immiscible binary system into 

a non-equilibrium condition. For instance, supersaturated solutions (SSSSs) of Cu in the Cr 

phase up to 15 at.% (equivalent to 17.7 wt.%) were formed while missing the formation of 

SSSSs of Cr in the Cu phase [1]. 

It is well known that SPD introduces a large number of crystal defects (vacancies, dislocations, 

stacking faults, twins, grain boundaries, etc.) in the material, and the defect densities increase 

by increasing the total amount of imposed strain. In practice, the lattice parameter can be 

affected by deformation-induced defects such as vacancies [20]. A recent report by Shao et al. 

[19] quantitatively estimated the densities of different types of defects including stacking faults, 

deformation twins, and edge dislocations in a nanostructured 57 wt%Cu-43 wt%Cr alloy after 

HPT for 5 and 25 turns. Apart from this report, the evolution of defects, mainly dislocations 

and vacancies, has not been reported for an immiscible composite Cu-Cr alloy after grain 

refinement through SPD and subsequent heating. Accordingly, this work aims to evaluate the 
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defect microstructure in a Cu-Cr alloy after HPT processing and annealing using two different 

Positron annihilation spectroscopies (PAS). Firstly, Doppler broadening – variable energy PAS 

(DB-VEPAS [21]) for the identification of the in-depth distribution of defects, and secondly 

PA-lifetime spectroscopy (PALS) for the identification of the defect nature and density in bulk 

[21]. Additionally, microhardness measurements to support the discussion on the processing-

microstructure-mechanical property relationship. The results obtained are compared and 

discussed based on the literature and recently published X-ray diffraction data [22]. 

 

2 Experimental materials and procedures 

The present study was carried out on a Cu43%Cr (wt.%) (PLANSEE, Reutte, Austria) 

immiscible commercial alloy. Samples in the form of discs (10 mm diameter and 1 mm 

thickness) were cut using an electrical discharge machine. The samples were then subjected to 

HPT for 5 and 20 turns, under a pressure of 6 GPa and a rotational speed of 1 rpm. After HPT 

deformation, subsequent annealing was performed at 210, 550 and 850°C for one hour under 

an Argon environment. 

Positron annihilation spectroscopy (PAS) measurements were carried out at the Institute for 

Radiation Physics at Helmholtz-Zentrum Dresden − Rossendorf (HZDR). The SPONSOR 

(Slow POsitroN System Of Rossendorf) [21] device is used for DB-VEPAS (Doppler 

broadening variable energy PAS), enabling materials to be studied in depth with atomic 

sensitivity. The positrons were produced by ß+ decays of a 22Na radioisotope. A well-annealed 

tungsten foil served as moderator. The positron beam produced is accelerated to energies 

typically ranging from 0.03 to 35 keV. The positrons are magnetically guided and introduced 

into the sample at depths of up to a few micrometers. Implantation energy and material density 

determine the depth of implantation. During implantation, the positrons reduce their energy by 

inelastic scattering (thermalization) in a few picoseconds (~10 ps) and diffuse through the 
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lattice until they meet and annihilate with an electron, either directly with free electrons or after 

trapping in vacancy-like defects and interfaces. Annihilation of the electron-positron pairs 

results in the emission of two anti-collinear gamma photons of ~511 keV, which is measured 

with a high purity Ge-detector with a resolution fR = 1.09 ± 0.01 keV at 511 keV. Thermalized 

positrons have a significantly lower momentum than electrons, resulting in a line broadening 

of 511 keV. This line expansion is mainly due to the momentum of electrons. 

The conventional positron annihilation lifetime spectroscopy (cPALS) technique, unlike DB-

VEPAS, allows the extraction of bulk property details of the whole specimen. cPALS 

measurements were conducted on Cu43Cr samples at HZDR, Germany using 4CrBr3 

scintillator detectors [50.8 mm diameter (=2 inches) and 25.4 mm length (=1 inch)] coupled to 

Hamamatsu R13089 PMTs, using a SPDevices ADQ14-DC-2X digitizer with 14 bit vertical 

resolution and 2GS/s horizontal resolution [23] and an instrument resolution function down to 

about 240 ps. The resolution function required for spectrum analysis uses two Gaussian 

functions with distinct intensities and appropriate relative shift. All spectra contained at least 

1×107 counts. Typical lifetime spectrum N(t) is described by: 

N(t) =  (1/i) Ii exp(-t/i)          (1) 

where i and Ii are the positron lifetime and intensity of the i-th component, respectively (Ii=1). 

All the spectra were deconvoluted using a non-linear least-squares fitting method using the 

fitting software package PALSfit [24] into 4 discrete lifetime components, which directly 

evidence the different defect states (τ1 and τ2). The remaining 2 components 3 = 382 ps and 4 

= 2700 ps were fixed since they belong to the source correction. The corresponding relative 

intensities reflect a large extent concentration of each defect type (size) as long as the size of 

compared defects is in a similar range. The relative intensity I3 (of 3) was fixed at 13% and the 

rest of them were calculated as free parameters. In order to obtain a well-founded determination 
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of the resolution function and source correction, various reference materials were investigated. 

These have the property that only one lifetime component is measured in addition to the source 

components. Consequently, for all reference materials (Al, In, Sn, Ta), both the resolution 

function and the source correction were determined as constants. 

Vickers microhardness (Hv) values were collected with a load of 0.98 N and a dwell time of 

10 s in a Zwick 3212 microhardness apparatus. The microhardness was taken near the surface 

of the shear plane at ~0.3 mm from the disk center across the radius of each disc, where the 

microhardness value was averaged in four separate measurements. 

3 Results and Discussion 

3.1 Near surface defects analysis  

DB-VEPAS results are often presented in terms of the S and W parameters as a function of 

energy (Ep). These parameters are defined as the fraction of positron annihilations with free and 

valence electrons (low-momentum electrons) and with core electrons (high-momentum 

electrons), respectively [25]. The S and W parameters are determined by the area under the 

central portion of the annihilation line (511±0.93 keV) and in the wing regions of the line 

(508.56±0.35 keV and 513.44±0.35 keV) divided by the total area under the line. A Makhovian 

function was considered in order to calculate the mean positron implantation depth, Z. In its 

simple expression, it is given by [26] :  

𝑧 =  
3.6𝐸𝑝

𝑛

𝜌
     (2) 

where Ep is the implantation energy in keV. The n parameter was taken as n = 1.62 and the 

density, ρ, of the Cu43%Cr composite was taken from the tabulated data of ρ = 7.62 g/cm3 

measured according to the Archimedean principle [27].  
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Figure 1 shows the values of the S and W parameters at upper and lower rows, respectively, as 

a function of Ep and Z at lower and upper horizontal axes, respectively, for the Cu43%Cr alloy 

in a) as-received (N = 0 turn), and after HPT processing for b) N = 5 turns and c) N = 20 turns 

followed by annealing. In general, the value of the S parameter decreases with increasing energy 

and levels off when the positron implantation energy reaches a value equal to 15 keV for almost 

all samples. Moreover, the S parameter decreases after HPT processing followed by annealing 

at any annealing temperature applied relative to the non-deformed state. This decrease as a 

function of the number of revolutions is believed to be due to the annihilation of vacancies 

existing close to the surface of the sample in sinks at grain boundaries and the surface [28]. 

Cizek et al. [28] explained that a part of the deformation-induced vacancies disappear by 

diffusion to sink at grain boundaries and the surface, and the concentration of vacancies 

surviving in the HPT-deformed sample represents 40-50% of the net concentration of the 

deformation-induced vacancies. The fraction of vacancies lost by diffusion to sinks increases 

at a higher number of turns, N, since sink density increases with grain refinement. After 

annealing at 210, 550 and 850°C, there is a tendency to increase the S parameter, while it is 

limited in the sample after N = 5. This increasing value of the S parameter is due to an increase 

in the number of open-volume defects in the sample surfaces most likely as a result of i): 

oxidation processes and/or ii) thermal vacancies generated within solids at high temperatures 

are somehow stabilized, e.g., due to interactions with different vacancies. The lower row in 

Figure 1 shows that the S parameter is negatively correlated with the W parameter. As soon as 

an open volume defect traps a positron, it localizes its wave function and therefore results in a 

reduction of its overlap with high-momentum core electrons and the loss of the broadening of 

the annihilation photopeak. Let us remind that a photopeak is a full energy peak that occurs 

when a gamma ray transfers its full energy to the sensitive material (scintillation crystal). As a 
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consequence, the S parameter increases [28] and W decreases, where such opposite behaviors 

with increasing implementation energy are apparent in Figure 1.  

 

Figure 1: Annihilation line parameter S (low electron momentum fraction) and W (high 

electron momentum fraction) as a function of positron implantation energy Ep and mean 

positron implantation depth <z>, (a) (N=0 and annealing at  925°C), (b) (N=5 and annealing 

at 210°C, 550°C, 850°C) and (c) (N=20 and annealing at 210°C, 550°C, 850°C). 

 

The S-W curve is used to determine the change in defect types, and it is displayed in Figure 2 

for the Cu43%Cr alloy after HPT for (a) N = 0 turn, (b) N = 5 turns and (c) N = 20 turns 

followed by heating at different temperatures. Indeed, any slope change of the S-W curve 

indicates a change in the nature and type of defects. As shown in Figure 2, the slopes of the 
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curves did not change with different thermo-mechanical processes which means that the type 

of defects did not vary. 

 

Figure 2: Plots of W parameter versus S parameter. (a) (N=0 and annealing at 925°C), (b) 

(N=5 and annealing at 210°C, 550°C, 850°C) and (c) (N=20 and annealing at 210°C, 550°C, 

850°C). 

 

The S-parameter depth profiles were then analyzed using the VEPFIT code developed by van 

Veen et al. [29]. This code numerically solves the positron diffusion equation and gives the 

characteristic parameters, i.e. the positron effective diffusion lengths in the various layers of 

the system. After accurate fits of the S(Ep) curves, the thickness and effective positron diffusion 

length L+ for each layer can be deduced. While running VEPFIT software, the material was 

considered as containing two layers of the surface oxide L1+ and the bulk material L2+. These 

effective positron diffusion lengths and the calculated oxide layer thickness d are summarized 
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in Table 1 for all tested sample conditions, where the number after N and T provides the number 

of HPT turns and applied annealing temperature in °C with time in an hour, respectively.   

 

Table 1. Calculated thickness of the oxide layer, d, and positron diffusion lengths of the oxide 

layer L1+ and bulk L2+ in Cu43%Cr alloy after HPT and annealing. The values without errors 

were fitted as fixed accounting for the lowest chi-square. All length values are in nm. 

 

 

From Table 1, it can be seen that the oxide layer thickness d ≈ 30 nm in N0-T25 increases as 

the number of revolutions increases to ~47 nm and ~ 60 nm after 5 and 20 HPT turns, 

respectively. It also increases continuously after thermal annealing at different temperatures, 

such as up to 103 nm after 20 HPT turns followed by annealing at 850°C. With increasing 

annealing temperature, the oxide layer becomes thicker and contains more defects whose 

overall diffusion length is small. It can explain the increase in the S parameter when the HPT-

processed samples are annealed as shown in Figure 1. The diffusion length in the sub-surface 

layer L1+ is almost constant, ranging from 16 to 23 nm. Furthermore, increasing the annealing 

temperature extended the positron bulk diffusion length, i.e. reaching L2+ ≈ 150 nm at 850°C 

in the N = 20 turns sample, which is caused by recovery of the microstructure and 

accompanying dislocation annihilation that will be discussed in detail in the next section.  For 

comparison purposes, it is reasonable to note that the scattering length obtained from a reference 

sample of a fully annealed Cr (1000 °C, 10 h, at <10-8 mbar) (without oxide) is L+ ~ 130 nm 

[30] and the diffusion length in non-deformed pure copper is ~146 nm [31]. Based on these 

 N0-T25 N0-

T925-6h 

N5-T25 N5-

T210-1h 

N5-

T550-1h 

N5-

T850-1h 

N20-T25 N20-

T210-1h 

N20-

T550-1h 

N20-

T850-1h 

d (nm) 30±24 53±13 47±42 68 48 73 60 82±44 94 103±72 

L1+ (nm) 23±3 23±2 18±1 26±1 17±1 16±1 20±1 21±1 23±1 21±1 

L2+ (nm) 56±5 48±10 49±8 102±13 76±9 150±45 44±19 83±27 184±33 149±69 
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findings, one can state that the annealing increased the oxide thickness and caused the 

annihilation of defects in the bulk. 

3.2 Bulk defects analysis  

The cPALS measurements revealed two separate lifetime components in the measured spectra 

of the Cu43%Cr alloy at all different thermomechanical processing conditions. Figure 3 

presents the evolution of positron lifetime (cPALS) components τ1 and τ2 and their relative 

intensities I1 and I2 in left and right columns, respectively, for the Cu43%Cr alloy at the different 

thermomechanical conditions (number of HPT turns and thermal annealing temperatures). The 

horizontal dashed lines represent different lifetimes of bulk, 𝜏𝐵
𝐶𝑢,𝐶𝑟

 [32,33], one vacancy 𝑉1
𝐶𝑢,𝐶𝑟

 

[34],[35], and clusters of 4 and 13 vacancies, 𝑉4
𝐶𝑢,𝐶𝑟

 and 𝑉13
𝐶𝑢,𝐶𝑟  [33,36], respectively, in pure 

Cu and Cr elements. Details about lifetime of, 𝑉4
𝐶𝑢,𝐶𝑟

 and 𝑉13
𝐶𝑢,𝐶𝑟  are presented later in the text.  
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Figure 3: Positron lifetime components τ1 and τ2 and their relative intensities I1 and I2, 

respectively, for pristine and HPT-processed samples and subsequent annealing. The 

horizontal dashed lines represent different lifetimes of bulk, 𝜏𝐵
𝐶𝑢,𝐶𝑟

 , one vacancy 𝑉1
𝐶𝑢,𝐶𝑟

 and 

clusters of 4 and 13 vacancies, 𝑉4
𝐶𝑢,𝐶𝑟

 and 𝑉13
𝐶𝑢,𝐶𝑟

, respectively, in pure Cu and Cr elements. 

 

In both N0-T25 (as-received) and N0-T925-6h (as received + annealed at 925°C for 6 h) 

samples, the first component with τ1 ~ 110-120 ps is in the range of positron lifetimes in bulk 

Cu and Cr [32, 33, 37, 38]. The second component with τ2 ~ 240 ps represents a contribution 

from positrons trapped in clusters of about 4 vacancies [36, 33]. The deformed samples without 

heat treatment (N5-T25, N20-T25) demonstrated the value of τ1 ~ 166 ps for both cases. It 

corresponds well with tabulated values in the literature for positrons trapped and annihilated at 

dislocations in Cu and Cr, see Table 2. The value of τ2 is ~346 and ~308 ps for N5-T25 and 

N20-T25, respectively. Thus, the corresponding relative intensities for the two separate lifetime 

components are I1 ~78% and I2 ~8 % for N5-T25 and N20-T25, respectively. These two lifetime 

components represent the annihilation of the positron at clusters of about 13 and 8 vacancies, 

respectively. 

The positron lifetime spectra were also well decomposed into two major positron lifetime 

components after thermal annealing of the HPT-processed Cu43%Cr alloy. The first component 

τ1 and its intensity I1 decrease with increasing annealing temperatures and reach values ~133 

ps and ~50-55%, respectively, after annealing for 1 h at 850°C, where τ1 is slightly higher than 

the lifetime of free positrons 𝜏𝐵
𝐶𝑢,𝐶𝑟

. This decrease means that there is a partial (not total) 

annihilation of dislocation and recovery of the severely deformed microstructure. The present 

results regarding to the first component agree with the earlier reported study by Hakatemaya et 

al. [32], who analyzed the positron annihilation behavior in a Cu–Cr–Zr alloy after several 

different aging treatments creating precipitations. They stated that the positron lifetime spectra 

of the alloy after the heat treatments were well described by a single lifetime component; these 
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lifetimes were in between the positron lifetime of bulk Cu of 110 ps [39] and monovacancies 

in pure Cu of 173 ps [39]. Accordingly, the observed positron lifetimes in the present study are 

expected to be averages of the positron lifetimes resulting in the bulk Cu and vacancy-like 

defects (including dislocations) which are induced at the interfaces between the Cr-rich 

precipitates and the Cu matrix.  

With annealing, the values of τ2 for the HPT-deformed Cu43Cr samples decrease from 346 ps 

in N5-T25 and 308 ps in N20-T25 to close to ~250 ps in both. These lowered values are similar 

to the non-deformed material of N0-T25 and N0-T925-6h. Moreover, the corresponding 

intensity increases with thermal processes. The variation of τ2 is attributed to the variation in 

vacancy cluster size due to annealing, which means that the size of the vacancy cluster decreases 

from about 13 in N5-T25 and about 10 in N20-T25 to such as ~ about 4 in both after annealing 

of N5-T850-1h and N20-T850-1h. Therefore, annealing at 850°C caused a noticeable formation 

of vacancy clusters while annealing at 210°C for 1h provided a comparably faint effect. 

A list of the reported data of the positron lifetimes is summarized in Table 2. It reveals that the 

positron bulk life time for Cu  and Cr varies from 108 to 120 ps [32 , 33 , 37, 38, 40] while for 

a single vacancy it is around 180 ps in Cu [34, 35] and 184-188 ps in Cr [38, 30]. For both 

elements, the lifetime in dislocations is around 160–166 ps [30 ,34]. Positron lifetimes for the 

alkali metals and 4th period elements including both Cu and Cr as well as some selected oxides 

have been computed using the improved generalized gradient approximation by Kuriplach et 

al. [40].  The report validated the computed positron lifetimes by demonstrating the similarity 

with the experimental ones. As listed in Table 2, the present experimental values of the positron 

bulk lifetimes for Cu and Cr elements agree with the reported value. Other reports utilizing a 

positron-lifetime spectroscopy approach have discussed two types of lattice defects in ultrafine-

grained (UFG) Cu prepared by HPT [34, 41]. One is dislocations in distorted regions along 

grain boundaries and the other is microvoids consisting of clusters of 3 to 5 vacancies inside 
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grains. The present results shown in Figure 3 imply the vacancy clusters generated by HPT 

processing.  

The agglomeration of deformation-induced vacancies leading to the vacancy cluster is 

influenced by the mobility of vacancies [28]. The estimation of the average size of clustered 

vacancies is available through the theoretical calculation of positron lifetimes with increasing 

numbers of vacancies in Cu and Cr as shown in Figure 4. A correlation between the vacancy 

cluster size and positron lifetime has been established for both Cu and Cr [36, 33], where the 

positron lifetime calculations were performed by standard density functional theory methods. 

Figure 4 shows the calculated positron lifetime for the number of vacancies presenting the size 

of vacancy clusters for Cu and Cr. For both Cu and Cr elements, the positron lifetime increases 

with the size of the vacancy cluster. Cizek et al. [36]  have reported that the size distribution of 

vacancy clusters in HPT-deformed metals is not correlated to their crystal structure but rather 

related to the activation energy for vacancy migration. The vacancy migration energies of Cu 

and Cr are close, such as ECu = 1eV [42] and ECr = 1.1 eV [43]. This may explain why these 

elements exhibit very close distributions of lifetime-vacancy cluster sizes.  
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Figure 4: Calculated dependence of the positron lifetime on the size of vacancy clusters 

consisting of N vacancies in Cu [36] and Cr [33]. 

 

Table 2: Positron lifetime values for Cu and Cr tabulated in the literature. The subscript “c” 

stems from calculated values. 

 Cu Cr 

Bulk [ps] 110 [32]c 

120 [37] 

115 [40]c 

108 [33]c 

120 [38]c 

115 [40]c 

Monovacancy [ps]  180 [34],[35] 

 

188 [38]c 

184 [30] 

Dislocation [ps] 166 [34]                              

164 [34] 

161 [30]  

 

3.2 Microhardness evolution 

The microhardness evolution with different measurement locations along the disc radius, r, of 

the Cu43%Cr alloy after HPT for (a) N = 5 turns and (b) N = 20 turns and with annealing are 
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shown in Figure 5. In practice, three measurement locations along the disc radius are r = 0 mm, 

r = R/2 and r = R, where R denotes the maximum radius of the discs of 5 mm. The as-received 

material without processing had an Hv value close to 112, which is indicated by dashed lines 

in the plots. HPT processing for 20 turns noted as N20-T25 caused a significant change at r = 

R/2 and R whereas it is not marked after 5 turns. In practice, the microhardness at the edge of 

the N20-T25 disk at r = R rises to 425 Hv, which is more than triple the as-received one. Such 

values are close to those reported by  Guo et al. [1] which evidenced a fast increase in the 

hardness after torsion straining of ε < 400.  In this high straining stage, the immiscible alloy 

hardens quickly due to the synergistic effect of grain refinement as well as the dissolution of 

Cu into the Cr matrix (forced intermixing). Specifically, a close inspection of the tabulated data 

reveals that Cu43%Cr alloy hardens more than those pure Cu after N = 5 turns [44, 45], and 

after 5 HPT turns of cu-based alloys such as Cu–0.1% Zr [46, 47], Cu–1.5% Si [48], Cu-2.5Ni-

0.6Si [49]. There are some exceptions, such as the Cu–28% Ag alloy which exhibited a hardness 

of Hv≈350 after HPT 10 turns [50]. It should be noted that the present results as well as these 

reports showed lower hardness at the disc centers of r ≈ 0 than the disc peripheries under the 

reported processing conditions.  

Figure 5: Evolution of the global microhardness of the Cu43%Cr alloy after HPT processing 

and annealing, a) 5 turns and, b) 20 turns. 
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The Cu43%Cr alloy after 5 HPT turns experienced softening after annealing at 210, 550 and 

850°C for 1 hour owing to the dissolution of any supersaturated elements [18] with different 

levels of microstructural recovery, recrystallization followed by grain growth.   

After processing up to 20 turns and annealing, the hardness evolution showed anneal hardening 

[51], where the result is unlike the one after HPT for 5 turns. In practice, hardness increases 

upon annealing at 210 and 550°C while a softening occurs after annealing at 850°C for 1 hour. 

A similar feature of anneal hardening was observed by Bachmaier et al. [18] in the Cu–Cr 

system after HPT for a high equivalent strain of 1590, while the report also demonstrated the 

consistent softening with annealing without strengthening when the system was deformed by 

HPT for an equivalent strain through 400.    

While annealing hardening can appear in metals with different mechanisms, e.g. age hardening, 

Gubicza [51] reviewed the unique anneal hardening specifically for the SPD-processed 

nanostructured samples. The following three core reasons cause the extra hardening during 

annealing and heating in addition to the strengthening by grain refinement: (i) immigration of 

mobile dislocations within nanograins, and clustering into low energy configurations such as 

low-angle grain boundaries leading to dislocation annihilation, (ii) reduced emission of 

dislocation due to a relaxation of non-equilibrium grain boundaries, and (iii) hindering of the 

dislocation movement caused by clustering of excess vacancies introduced during SPD. While 

these three reasons may simultaneously influence the hardening of the alloy, the present results 

obtained by cPALS in Fig. 3 support the occurrence of anneal hardening by vacancy clusters in 

the disc with N=20 turns up to annealing temperatures of 550°C where dislocation annihilation 

was limited (see I1%) which occurred faster in the discs after N=5 turns. HPT processing and 

annealing at 210°C resulted in an agglomeration of up to about 10 vacancies. 
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The importance of vacancy clustering for anneal hardening may be demonstrated by the 

increase of I2% and the deagglomeration to about 4 vacancies after HPT followed by annealing 

above 550°C.  

The anneal hardening effect has been the subject of controversial debate in the literature. 

Indeed, on the one hand, it has been assumed that the observed strengthening was ascribed to a 

reduction in the defect density and that it could occur at relatively low homologous temperatures 

and only in materials with grain sizes below a material specific threshold value [52]. On the 

other hand, the anneal hardening during heat treatment of HPT-processed pure Cu and Ni was 

ascribed to the agglomeration and annihilation of vacancies at homologous temperatures 

between T=0.25-0.3Tm [53]. 

Furthermore, the vacancy agglomeration and dislocation loops formation in the basal plane of 

an Mg-based alloy may act as strong obstacles to dislocation movement, and these phenomena 

may justify the observed anneal hardening in Mg-Zn-Ca alloys strengthened via high-pressure 

torsion (HPT) [54]. It is worth noting that a recent review has reported the state-of-art of this 

controversy [55]. The change of deformation induced grain boundaries through annealing of 

deformation induced vacancies has been quoted as the reason for anneal hardening but only for 

materials with a grain size below a certain threshold value. This value is far below those grain 

sizes found in the present study (d ~ 0.3 – 0.5 µm). As stated in the review [55], the influence 

of vacancy clusters on the anneal hardening is hindered upon decreasing the grain size. 

Plausibly this will play against the contribution of vacancy agglomerates to the anneal 

hardening as the principal cause. 

Consistent with the explanation previously suggested [18], the enhanced extra anneal hardening 

may be assigned to restrictions in activating dislocation sources in the annealed material. 

The hardness variation within the same processed and annealing condition for three different 

positions is unalike between N = 5 and N = 20 HPT turns. The hardness difference between 
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positions near the centre and at mid-radius and between mid-radius and edge has been 

systematically estimated for all conditions.   

The hardness differences between r = 0 and r = R/2 varied weakly (13-17%) for the N=5 HPT 

processed and annealed at 210° and (31-33 %) between 550-850 °C. This confirms that the 

microstructure did not change drastically. The scatter is more important after processing at N = 

20 turns (80 %). It seems to reduce to 41-60 % after annealing between 210-850 °C. This 

indicates that severe plastic deformation by HPT after N = 20 turns resulted in more 

inhomogeneity between the centre and the mid-radius. 

 For the sample after N = 5 HPT turns, the hardness difference between r = R/2 and r = R 

fluctuates and does not exhibit clear trends. While after N = 20 turns, the scatter varies 

moderately and ranges between 4 and 17 % owing to a certain saturation of the microstructure 

and hardness. 

It is worth noting that such data are very scarce in the literature. Ibrahim et al. [56] have 

presented the results of the radial distribution of the Vickers hardness after HPT processing (N 

= 150 turns) in the as-prepared state and after successive annealing treatments in the range 200-

1000 °C for 1 h. Across the radius, the hardness decreased monotonously in function of the 

annealing temperature. The authors stated that the systematic softening was ascribed to the 

precipitation hardening in the CuTa samples due to fine dispersed nano-sized Ta particles in 

the Cu grains. 

Besides the grain refinement and dislocation storage mechanisms, Cizek et al. [41] have stated 

that an increase in the hardness may also probably be caused by an increase in the number of 

microvoids, which represent obstacles for the movement of dislocations. The hardening of the 

Cu43%Cr after HPT processing up to 5 and 20 turns may be ascribed to the grain refinement 

(down to 0.3-0 5 µm [22]) , dislocation density rise (from  4 1014 m-2 to  26 1014 m-2 [22])  and 

the increase of vacancy clusters (microvoids) from about n=4 to about n=10 vacancies. 
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Subsequently to annealing, the grain size remains unchanged whereas the dislocation density 

falls to that corresponding to the as received material [22]. The present study reveals that the 

number of vacancy clusters decreases from about n = 10-13 to about n = 4 vacancies. Therefore, 

only dislocation density and vacancy cluster decrease are responsible for the material softening.  

The hardness results could be correlated to the PAS results via the intensity of the existing 

defects. The as-received materials have a nominal hardness of 112 Hv and defects intensity of 

dislocations (I1 = 40 %) and I2 = 34 (clusters of vacancies, about n = 4). The HPT processing 

results in a global hardening up to 400 Hv and the dislocation intensity raises to 80% while that 

of clusters dropped down to 10% (about n = 8, 13). Annealing the HPT processed samples 

softened the alloy and I1 decreased to 50% while I2 slightly increased up to 30%. The ultimate 

softening is due, as discussed above, to recovery phenomena. Interestingly, HPT processing has 

shown a growth of the vacancy clusters from n = 3 to n = 13. After annealing, these defect 

clusters are no longer stable, which means the generated point defects annihilate and reduce 

their vacancy cluster size down to about n = 4. They should contribute to the overall softening.  

Quite similar to the present results discrepancies of the microhardness values between the center 

and edge of the discs were already discussed in the literature. 

A detailed microstructural observation through microhardness measurements in Cu-2.5Ni-0.6Si 

alloy processed by HPT [57] shows a gradual evolution with increasing numbers of revolutions 

with a saturation after 3 turns. Lower straining (N = 1/2 to N = 3 turns) fails to ensure global 

homogeneity and microhardness saturation. A 2D- graphic image was drawn showing the 

microhardness over a one-quarter zone of the surface of Al7075 alloy discs processed by HPT 

up to 5 turns [58].  

This study revealed a soft (relatively to the edge) extended zone close to the center of the discs 

after ½ HPT turns. This soft zone is reduced upon increasing strain so that a more or less 

homogeneity is achieved with a notable hardening [58].  
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Processing by HPT generally involves the use of a thin disc that is subjected to high pressure 

and torsional straining. In practice, the equivalent von Mises strain, εeq, imposed on the disc in 

HPT is given by a relationship of the form [59]: 

𝜀𝑒𝑞 =  
2𝜋𝑁𝑟

ℎ√3
             (3) 

where h is the height (or thickness) of the  disc. It follows from Eq. (3) that the strain varies 

across the disc from zero strain at the disc center where r = 0 to a maximum at the edge of the 

disc. Equation (3) predicts noteworthy inhomogeneities in the measured hardness values 

across the disc. However, many authors [60], stated that microstructural evolution occurs 

during processing and after large numbers of turns it was often possible to achieve a 

reasonable level of homogeneity. Theoretical analysis based on the application of strain 

gradient plasticity modeling [61] has also predicted the evolution of homogeneity. 

Cizek et al. [28] have reviewed the results of Doppler Broadening (DB) of positron annihilation 

radiation and its correlation with microhardness distribution in many (Al, Ni, Cu), bcc (Fe, Nb, 

W) UFG metals. Their results indicated that dislocation density tends to saturate with strain. 

Moreover, the spatial distribution of vacancy clusters remains non-uniform even in samples 

subjected to a high number of HPT revolutions. The average size of vacancy clusters increases 

with radial distance from the center of the sample due to the increasing production rate of 

vacancies. Finally, as mentioned by Cizek et al. [28] HV mapping highlights the grain 

refinement and dislocation density across the sample but not the spatial distribution of vacancies 

because the vacancy induced  hardening is relatively faint and therefore, microhardness testing 

is insensitive against it. Therefore, a more suitable vacancy sensitive technique should be used 

in order to reveal the spatial distribution and homogeneity of these defects in the UFG materials. 

Conclusions  

The study of defect microstructure in a Cu43Cr alloy after HPT processing and annealing using 

two different positron annihilation spectroscopy (PAS) techniques, namely Doppler broadening 
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– variable energy PAS (DB-VEPAS) and conventional positron annihilation lifetime 

spectroscopy (cPALS) allows to draw the following conclusions:  

The DB-VEPAS analysis of the near-surface defects reveals the existence of a nanosized layer 

of oxide whose thickness increases (43-103 nm) upon increasing the annealing temperature 

while the diffusion length was found constant around 20 nm. The type of defects is invariant. 

cPALS analysis of the bulk defects evidenced two major components for the as received and 

annealed at 925°C, HPT processed and annealed alloys.  

For HPT processed and annealed samples the two components correspond to positrons trapped 

and annihilated at dislocations (lifetime ̴ 160 ps) in Cu and Cr and at clusters of vacancies with 

(about 13 and 10 vacancies).  

After annealing the HPT-processed alloys, the first component and its intensity decrease with 

increasing annealing temperature which means that there is a partial annihilation of dislocations 

and recovery of the microstructure. The variation of the second component results from the 

variation in vacancy cluster size (from about 13 to about 4 vacancies) due to annealing. 

A significant evolution in the microhardness values after processing by HPT up to 20 turns 

while a less pronounced one is depicted after N = 5 turns. The hardness evolution near the 

center, mid-radius and edge of the discs of the Cu43%Cr alloy after HPT processing and 

annealing at 210, 550 and 850°C for 1 hour is characterized by a softening of the material due 

to The results of the microhardness correlated well with the intensity of the point defects 

(dislocations and vacancy clusters).  
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