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Severe plastic deformation (SPD) is performed on a newly developed medium Mn steel with
the composition of Fe-7.66Mn-2Ni-1Si-0.23C-0.05Nb (wt.%) to achieve a nanocrystalline
microstructure. The SPD process utilizes the high-pressure torsion (HPT) technique, resulting
in a nominal shear strain of approximately 36,000% after processing the disk for 10 turns. X-
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ray diffraction line profile analysis reveals an increase in dislocation density to around 230 x
10 m2. In addition, under high strains, a face-centered cubic (fcc) secondary phase emerges
within the body-centered cubic (bcc) matrix. Analytical transmission electron microscopy using
energy dispersive X-ray spectroscopy indicates that the secondary phase particles are enriched
in Al, Mn, and Si. As the strain imposed during HPT increases, the simultaneous rise in
dislocation density and nanostructuring lead to material hardening. However, the partial phase
transformation from bcc to fcc contributes to material softening. As a result of these two
opposite effects, the hardness exhibits a non-monotonic variation with the shear strain,
displaying, for 10 turns of HPT, a lower hardness compared to fewer turns, despite the

continuous increase in dislocation density and decrease in crystallite size.

1. Introduction

Medium Mn steels which belong to the third generation of advanced high strength steels
(AHSS) are quite promising due to attractive mechanical properties (high strength and good
ductility) and lower production cost when compared to the second generation of high Mn steels.
[12] Medium Mn steels typically contain manganese (Mn) within the range of 3-12 wt.%, in
addition to alloying elements like carbon (C), aluminum (Al), silicon (Si), and micro-alloying
elements such as vanadium (V), titanium (Ti), niobium (Nb), and others. These steels have
complex multiphase microstructures consisting of retained austenite (RA), a’-martensite, ferrite
and finely distributed carbides.®l The mechanical behaviour of medium Mn steels mainly
depends on the relative amount and stability of RA.1*! The high strength and ductility in these
steels can be tailored by carefully designing the alloy chemistry and microstructure to induce
transformation induced plasticity (TRIP) and twinning induced plasticity (TWIP) effects along
with slip activity during deformation.®! Recently we developed a medium Mn steel using a
computational thermodynamics (CALPHAD) approach to develop a retained austenite-
ferrite/martensite microstructure with a tensile strength larger than 1 GPa and a total elongation
larger than 20%.81 The reverted austenite is metastable and undergoes a strain induced
martensitic transformation during deformation and provides significant work hardening during
tensile/compressive loading.

Severe plastic deformation (SPD) has been widely employed in the last three decades to produce
ultrafine grained (UFG) and nanostructured (NS) bulk materials. The SPD processed materials
have significantly higher concentration of vacancies, dislocation densities and larger fractions
of non-equilibrium grain boundaries which can impart unique properties such as high strength,
good ductility, enhanced grain boundary diffusivity and superplasticity compared to the coarse-



grained materials.[”°! Among the several SPD techniques, high-pressure torsion (HPT) has been
shown to be very effective in achieving grain refinement due to the very large shear strain
imposed during SPD which facilitates grain fragmentation resulting in UFG/NS
microstructures. -9

The SPD-induced grain refinement in medium Mn steels has an effect on the phase composition
since the grain boundaries may serve as nucleation sites of martensite. Indeed, it was revealed
that the martensite phase nucleated at the grain boundaries of the austenite and also at the
interfaces between the austenite and ferrite phases during deformation of an UFG medium Mn
steel with the composition of Fe-10.6Mn-0.28M0-0.08C (in wt%).[*®! It has also been
demonstrated that the martensite start temperature was lowered by decreasing the grain size;
therefore, the stability of the austenite grains depends on the grain size.['’] Severe deformation
is an effective tool of grain refinement in medium Mn steels. For instance, it was reported that
the microstructure of the steel containing 8% Mn and 0.08% C was significantly refined via
warm rolling, resulting in a grain size of 400 nm for both martensite and austenite phases.!*8! A
mixture of equiaxed and elongated martensitic ultrafine grains formed in Fe-9.6Ni-7.1Mn
(wt.%) steel during HPT processing with the average size of about 158 nm while the retained
austenite had the grain size of about 28 nm.[**] Post-deformation heat treatment at 600 °C for
7200 s resulted in increase of the grain size to about 570 nm for martensite and 280 nm for
austenite phases.

There are limited studies on the SPD processing of medium Mn steels.[2%-?%1 Studies on equal-
channel angular pressing (ECAP), repetitive corrugation and straightening by rolling (RCSR),
severe cold rolling on Fe—10Ni—7Mn (wt.%) steel have reported a tensile strength of 1 GPa and
a ductility of about 15%. It was observed that the SPD processing resulted in a significant
fraction of martensite (a’) that underwent a reverse transformation to austenite (y) after
application of a critical strain.?®2!l On the other hand, processing by HPT has increased the
strength to more than 2 GPa with a ductility of 6-10%, and interestingly only a very small
fraction of y phase has been observed even after 20 turns.?’l During HPT, a part of the
mechanical work applied on the sample is converted to heat, resulting in an increase in the
specimen temperature which may influence the phase composition. In addition, the applied
anvil pressure could contribute to a significant reduction in the equilibrium phase
transformation temperature as per the Clausius-Clapeyron equation. The low stacking fault
energy (SFE) of the steel promotes the formation of hexagonal close-packed (hcp) e-martensite
before the reverse austenitic transformation occurs.?!! It was reported that a pressure of 4.3 GPa

at room temperature promotes the transformation of body-centered cubic (bcc) martensite to



hcp e-martensite. Investigations also showed that the hcp e-martensite is metastable and could
transform to face-centered cubic (fcc) austenite upon further straining.?® From the above
review it can be noted that HPT processing of medium Mn steels provides a new pathway to
develop steels with the yield strength higher than 2 GPa, and the ductility can be enhanced
through microstructural engineering by suitably modifying the composition and process
parameters.

In the present study, we performed HPT processing on a newly developed medium Mn steel of
composition Fe-7.66Mn-2Ni-1Si-0.23C-0.05Nb (wt.%). The objective is to investigate the
evolution of the hardness and the microstructure in the newly developed steel during HPT

processing.

2. Materials and experimental methods

2.1. Processing of the initial steel samples and conditions of high-pressure torsion

The medium Mn steel investigated in this present work contained the following elements beside
the principal component of Fe: 7.66 wt.% Mn, 2 wt.% Ni, 1 wt.% Al, 1 wt.% Si, 0.23 wt. % C
and 0.05 wt.% Nb (see Table 1). The chemical analysis of the forged block of steel excluding
carbon was made using ICP-OES (model: 5110, manufacturer: Agilent, USA) while C-S
analyser (model: G4 1CARUS, manufacturer: Bruker, Germany) was used to determine the C
and S content. Additionally, the oxygen and nitrogen contents in the studied steel were obtained
as 126 ppm and 115 ppm, respectively. For the determination of these concentrations, G8
Galileo mass spectrometer was used (manufacturer: Bruker Co., Billerica, USA). This
composition of the medium Mn steel was designed based on the computational thermodynamics
(CALPHAD) approach. The details regarding the principles behind the alloy design and
processing can be found in our previous work.[! Following air induction melting, the cast ingots
were homogenized at 1200 °C for 4 h followed by hot forging to 50% reduction to break the
as-cast dendritic structure. To erase the prior deformation history the material was further heat

treated at 1000 °C for 30 minutes followed by water quenching.

Table 1: The chemical composition of the studied medium Mn steel as obtained by ICP-OES.
Fe Mn | Al | Si Ni C Nb

wt. % | balance | 7.66 | 1.04 |1.06 | 1.98 | 0.23 | 0.048

Steel composition
at. % | balance | 7.56 | 2.09 | 2.05| 1.83 | 1.04 | 0.030




From the forged blocks, disks were cut by electro discharge machining (EDM) with diameters
of 10 mm and thicknesses of ~0.80 mm. These samples were then processed by HPT technique
at RT for 1/4, 1, 3 and 10 turns under quasi-constrained conditions to prevent excessive material
flow from around the periphery of the disk in the gap between the upper and lower anvils.[26:"]
To perform HPT processing, the disk samples were placed in the sinking of the lower anvil.
The upper and lower anvils were brought together to impose an applied pressure of 6.0 GPa,
and torsional straining was then achieved by rotating the lower anvil at a rotational speed of 1

rpm.

2.2. Study of the microstructure of the initial material and the samples processed by HPT

The microstructure of the initial material was characterized using electron backscatter
diffraction (EBSD) in a field emission scanning electron microscope (FESEM) (model: Inspect
F, manufacturer: Thermofischer FEI, USA) fitted with a high-speed camera (model: Velocity,
manufacturer: EDAX) and TSL-OIM data acquisition and analysis software. For EBSD studies,
samples were prepared by mechanical grinding up to 4000 grit SiC paper, followed by polishing
with 3 um diamond paste. The final polishing was performed using a mixture of 70% colloidal
silica suspension (particle size: 0.05 um) and 30% hydrogen peroxide. EBSD scans were
performed with a step size of 50 nm.

The microstructure was studied for the initial material and the center and edge parts of the disks
processed by HPT using the method of X-ray line profile analysis (XLPA). The X-ray
diffraction (XRD) patterns were measured by a diffractometer with CoKay radiation
(wavelength: A = 0.1789 nm). A very narrow and parallel X-ray beam was used which was
monochromized with a Ge single crystal monochromator. The beam had a rectangular shape
with a dimension of 0.2 x 2 mm2. The scattered X-ray radiation was detected by two-
dimensional imaging plates. The measurement of a full diffraction pattern took three days. The
intensity at a given scattering angle (20) was obtained by integrating the signal along the
corresponding Debye-Scherrer ring. The sample surface before XRD experiments was first
mechanically polished with 1200, 2500 and 4000 grit SiC abrasive papers and then the polishing
was continued with a colloidal silica suspension (OP-S) with a particle size of 40 nm. Finally,
the surface was electropolished at 28 V and 0.5 A using an electrolyte with a composition of
70% ethanol, 20% glycerine and 10% perchloric acid (in vol.%).

The parameters of the microstructure were determined from the XRD patterns by the
Convolutional Multiple Whole Profile (CMWP) fitting method.[?81 During CMWP fitting, the
diffraction pattern is fitted by the sum of a background spline and the convolution of the



instrumental pattern and the theoretical line profiles related to the crystallite size and
dislocations. In the HPT-processed samples, the physical broadening of the profiles was much
larger than the instrumental broadening and therefore instrumental correction was not applied
in the evaluation. The theoretical profile functions related to crystallite size and dislocations are
given in Ref. 2l CMWP fitting gives directly the values of the following fitting parameters: the
median (m) and the lognormal variance (¢?) of the crystallite size distribution, the average
dislocation density (p) and the dislocation arrangement parameter. The latter quantity decreases
if the dislocations are arranged into low energy configurations, such as dipoles or low angle
grain boundaries.?l From the values of m and &2, the area-weighted mean crystallite size
(<x>area) Was calculated using the following formula: <x>area=m-exp(2.56%).

The microstructures in the initial sample and the disk processed for the highest number of HPT
turns were studied by transmission electron microscopy (TEM). In the latter specimen, both the
center and the edge of the disk were investigated. Electron-transparent TEM lamellae were
fabricated utilizing focused ion beam (FIB) milling (model: Crossbeam 340, manufacturer: Carl
Zeiss AG, Oberkochen, Germany). Analytical TEM was conducted using a FEI Themis G3 60-
300 microscope, which was equipped with various components including a high brightness field
emission gun (X-FEG), a monochromator, an image Cs-corrector, an energy-dispersive X-ray
spectroscopy (EDS) system, a high-angle annular dark-field (HAADF) detector (Fischione
Model 3000), a fast CMOS camera (Ceta, 4k x 4k), and a high-resolution electron energy loss
spectrometer (EELS, Quantum 965 Gatan Imaging Filter). During the measurements, the
microscope operated at an acceleration voltage of 300 kV with an extraction voltage of 3.45 kV
for the X-FEG. Dark-field (DF) images were captured using a 10 micron-sized objective
aperture. Compositional analyses were performed using HAADF scanning TEM (STEM) in
combination with EDS with a beam current of 512 pA and a probe size of 0.8 nm, all operated
by the Velox software.

2.3. Hardness testing

The samples were ground and polished for microhardness testing using four grades of abrasive
papers: 800, 1200, 2500 and 4000 grit. Subsequently, the samples were further polished using
a colloidal silica solution with a particle size of 0.04 um. The hardness measurements were
performed using an FM300 hardness tester equipped with a Vickers indenter with a load of 500
g and a dwell time of 15 s. For the HPT-processed samples, the hardness was measured along

the disk diameter, and the spacing between the neighboring indents was 0.5 mm. The



experiments were performed at RT. Three indentations were made in the vicinity of each

investigated point, and the average hardness values are presented in this study.

3. Results and discussion

3.1. Microstructure of the initial material and the samples processed by HPT

The XRD experiment proved that the initial material has a bcc structure with the lattice
parameter of 0.2873 + 0.0001 nm which value did not change significantly during HPT as
shown by Figure 1a. In this plot, the diffraction patterns taken on the initial sample and the
specimens deformed for the lowest and highest strains by HPT (i.e., the center and the edge
parts of the disks processed for % and 10 turns, respectively) are shown only. These patterns
were measured within the scattering angle range of 20 = 40-130°. The data between 85 and 95°
is absent in the diffractograms because this angular range was hidden by the frames of the
imaging plates utilized for detecting the scattered XRD signal. Figure 1a reveals that besides
the reflections of the main bcc phase, the peaks of an additional fcc phase were also detected in
the XRD pattern taken after HPT deformation at high strains, e.g., at the edge of the disk
processed for 10 turns. Since the 111 peak of the fcc phase is very close to the 110 reflection of

the main bcc phase, the former appeared as a shoulder at the left side of the latter one, as shown

in Figure 1b.
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Figure 1. (a) Diffraction patterns taken on the initial sample and in the center and the edge parts
of the disks processed for ¥ and 10 HPT turns, respectively. (b) Enlarged parts of the

diffractograms for the diffraction angle ranging between 45 and 65°.

Figure 2a shows an EBSD image taken on the initial steel which reveals that the microstructure
consists of laths with the thickness varying between 1 and 10 pum and the length of 10-100 pum.
The whole initial microstructure in the EBSD micrograph has a bcc crystal structure as indicated
by the phase map in Figure 2b, which is in accordance with the XRD result shown in Figure 1a.



The BF-TEM image presented in Figure 2c reveals that the laths are fragmented into
grains/subgrains with the size varying between 100 and 300 nm. However, to distinguish in a
BF-TEM image between grains and subgrains separated from their neighbors by high and low
angle boundaries can be challenging with the threshold misorientation angle for high angle

grain boundaries being 15°.

Figure 2. (a) EBSD IPF and (b) phase maps obtained by SEM, and (c) BF-TEM image taken

on the initial steel sample.

Figure 1 suggests that the width of the XRD peaks of the main bcc phase has increased due to
HPT-processing. In fact, Figure 3 shows the full width at half maximum (FWHM) versus the
magnitude of the diffraction vector g where these two quantities were calculated as FWHM =
cosd-A(20)/4 and g = 2-sind/A (Williamson-Hall plot). The enhancement of the peak width can
be caused by either the reduction of the crystallite size and/or the increase of the dislocation
density during the HPT processing. The evolution of the microstructural parameters was
determined by XLPA using the CMWP fitting procedure. As an example, Figure 4 shows the
CMWP fitting of the XRD pattern obtained at the edge of the disk processed for 3 turns of HPT.
The evolution of the crystallite size, the dislocation density and the dimensionless dislocation
arrangement parameter as a function of the nominal shear strain (y) imposed on the samples
during HPT is shown in Figure 5. The value of y was calculated as y = 2zrN/t, where r and t are

the distance from the disk center and the thickness of the sample, respectively, while N is the



number of HPT turns.[*Yl Due to the 2 mm height of the XRD beam, the irradiated area in the
disk center spanned the region between r = 0 mm and r = 1 mm. Therefore, the measurement
taken nominally in the center in reality corresponds to an average distance from the center of
0.5 mm. Regarding the XRD pattern measured at the disk edge, it corresponds to r = 4 mm.

These values were used to calculate the value of y in Figure 5.
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Figure 3. Full width at half maximum (FWHM) versus the magnitude of the diffraction vector
g calculated as FWHM = cos6-A(20)/A and g = 2-sin6/A for the initial sample as well as for the
center and the edge parts of the disks processed by % and 10 HPT turns, respectively
(Williamson-Hall plot).
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Figure 4. CMWP fitting of the XRD pattern obtained at the edge of the disk processed for 3
turns of HPT. The black open circles and the red solid line represent the measured and the fitted
patterns, respectively. The difference between them is indicated by the blue curve at the bottom

of the figure.
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Figure 5. The evolution of (a) the crystallite size, (b) the dislocation density and (c) the
dimensionless dislocation arrangement parameter as a function of the nominal shear strain ()

imposed on the samples during HPT.

Figure 5a revealed that the crystallite size was about 100 nm in the initial material which
corresponds to the size of the grains/subgrains obtained by TEM (as shown in Figure 1c). This
value was even reduced to about 20 nm at the nominal shear strain of ~1. Further increasing
shear strain yielded a slow gradual decrease in the crystallite size to about 10 nm when the shear
strain reached 360. Figure 5b demonstrated that even for the initial sample prior to HPT, a very
high dislocation density with the value of about 54 x 10** m2 was detected by XLPA which
was probably introduced by the hot forging step in the material processing. The dislocation
density further increased with increasing shear strain and got saturated with the value of ~230
x 10 m at the shear strain of about 45. It should be noted, however, that the variation of the
dislocation density is not monotonous and a value close to the saturation dislocation density
(~200 x 10 m?) was reached even at a significantly lower strain of about 13. Then, the
dislocation density decreased down to ~150 x 10'* m at the shear strain of about 35, then
increased back to ~230 x 10%* m2 when the shear strain increased to ~45. This apparent early

saturation of the dislocation density at the shear strains of ~13 was caused by the effect of



induced plasticity. Namely, the real shear strain close to the center of the disks is usually higher
than the nominal one due to the additional strain induced by the stress field of the high
dislocation density formed a little further from the center.% Therefore, the shear strains
calculated for the edge positions are more reliable. Consequently, it can be stated from Figure
5b that the dislocation density saturated between the shear strains of 50 and 100. The
achievement of the minimum value of the dislocation arrangement parameter occurred in the
same shear strain range (see Figure 5c). HPT resulted in a decrease of the dislocation
arrangement parameter which was caused most probably by the clustering of dislocations into
low energy configurations, such as dipoles and/or low-angle grain boundaries. This trend has
also been observed for other SPD-processed metallic materials.!

Selected area electron diffraction (SAED) performed in the TEM also confirm the formation of
a fcc phase during HPT processing in accordance with the XRD observation. As an example,
Figure 6 shows a BF-TEM micrograph (a) taken at the center of the disk processed by 10 turns
of HPT, the corresponding SAED pattern (b) and the azimuthal integration of the diffraction
rings (c) using PASAD tools.!*2 The SAED pattern in Figure 6c also shows the co-existence of
bcc and fce phases. Similar results were obtained by SAED from the edge of the disk deformed
by HPT for 10 turns (not shown here).
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Figure 6. (a) BF-TEM micrograph taken at the center of the HPT-processed disk after 10 turns,
(b) the corresponding SAED pattern and (c) the azimuthal integration of the diffraction rings.

Figures 7aand b show BF- and DF-TEM micrographs obtained at the edge of the disk processed
for 10 turns of HPT. The grain size was about 50-100 nm as obtained from the DF image. It
should be noted that the grains contained subgrains as revealed by the high contrast differences
inside the grains. The subgrain size was estimated from the dimension of the bright spots inside
the grains. A grain was magnified in Figure 7b, thereby showing the bright areas whose
dimensions varied between 5 and 10 nm. This value is close to the crystallite size determined
by XLPA for the edge of the disk processed through 10 turns of HPT (shown in Figure 5a).



This result is in accordance with former observations on SPD-processed metallic materials.
Namely, previous studies have shown that the crystallite size determined by XLPA is usually
considerably smaller than the grain size determined by TEM and rather agrees with the size of
subgrains or dislocation cells building up the severely deformed grains.*3! Between the
neighboring subgrains, usually there are low misorientations while the grains are separated from
their neighbors with high-angle grain boundaries. Since the coherency of the scattered X-rays
is broken even by very small misorientations, the crystallite size determined by XLPA
corresponds rather to the subgrain size. Thus, the crystallite size is also termed as coherently
scattering domain size.?® It should be noted that a former DF-TEM study performed on a HPT-
processed Co-Cr-Fe-Ni alloy revealed similar bright spots with the size of ~10 nm in
nanocrystalline grains as in our case.**! It was proved via nanobeam diffraction pattern analysis
that the misorientation angles between the neighboring spots were not higher than 2°, so the
bright spots inside the grains were subgrains. Therefore, in the present case the bright spots
with the dimension of 10 nm are probably also subgrains even if the strain was very high,
although misorientation analysis was not performed on our HPT-processed material. Most
probably, the alloying elements have a significant role in the stabilization of this very fine

subgrain structure.

Figure 7. (a) BF- and (b) DF-TEM micrographs obtained at the edge of the disk processed for
10 turns of HPT. A magnified grain is shown in the dashed white frame in (b) in order to a

better visualization of the subgrains appearing as bright spots inside the grain.

Figure 8 shows a HAADF image and the corresponding Fe, Mn, Al, Si and Ni elemental maps
obtained from STEM-EDS for the edge of the disk processed by 10 turns of HPT. The HAADF

micrograph reveals the existence of nano-sized precipitates appearing in dark or bright contrasts,



and having a size between 20 and 100 nm. These precipitates are enriched in Al but the
concentrations of Mn and Si are also high in some particles. The Fe content of the precipitates
is considerably lower than in the matrix, and the Ni concentration is also slightly smaller in the
particles compared to the matrix but the latter one is not clearly visualized in the Ni map
(however, this was evident in the quantitative EDS analysis). These precipitates are surely
related to the fcc phase observed by both XRD and SAED since other phases were not detected
by these diffraction methods (shown in Figure 6). The ratio of the sum of the atomic fractions
of Al, Mn and Si over the same for Fe varied between 0.41 and 2.6 in the precipitates while its
nominal average value for the studied steel is 0.16 as can be determined from Table 1. The
formation of precipitates within the bcc matrix can result from a multifaceted interplay
involving thermal, mechanical, and chemical factors. Materials manufactured using top-down
methods like HPT, ECAP, or accumulated roll bonding exhibit various defects, including
vacancies, interstitials, dislocations, and grain and twin boundaries introduced during
processing. These defects collectively contribute to a complex thermo mechano-chemical
interplay, leading to localized alterations in the atomic structure of internal interfaces. These
modifications can impact segregation, the precipitation of grain boundary phases, and their
subsequent transformations.*2! In this discussion, we specifically address the influence of
temperature bias, given the significant temperature elevation observed during processes like
HPT. Indeed, the temperature usually increases in HPT processing since the heat evolved due
to plastic deformation cannot be conducted away completely. The temperature rise depends on
the applied pressure, rotation speed and number of turns. For the pressure of 6 GPa and the HPT
turn number of 10, the following formula is suggested to use for the calculation of the increase
of temperature:[3:36]

AT = a-HV - w, 1)
where HV is the saturation hardness expressed in MPa, o is the rotational speed in rpm and o
is a constant varying between 0.0125 and 0.0174 in the different studies.*>%] Since the
saturation hardness is about 8000 MPa for the present steel (shown in Figure 9) and the rotation
speed is 1 rpm, the temperature rise for 10 HPT turns was about 100-140 °C, i.e., the
temperature might increase to 120-160 °C during HPT processing. According to the binary
phase diagram of the two components with the highest concentrations (Fe-Mn), a Mn-rich fcc
phase can form in the bcc matrix if the Mn content is higher than 4 wt.% and the temperature
is higher than 250 °C. In the present case, the temperature increased only up to 120-160 °C
during HPT which is lower than the theoretical threshold temperature of fcc phase formation.

On the other hand, the studied steel also contains other alloying elements (namely Al, Si and



Ni) which can shift the critical temperature of fcc phase formation to lower values. In addition,
the investigated microstructure was not in thermal equilibrium due to the high defect density
formed due to HPT processing. Nevertheless, the temperature rise during HPT and the special
composition are most probably the main reasons of the observed formation of fcc precipitates.
It should also be noticed that former studies have shown that pressure of several gigapascals
applied during HPT on steels can contribute to the stabilization of the close-packed phases, such
as hep or fcc.B"381 Furthermore, it has been reported that additions of Mn and Ni elements
significantly reduced the formation pressure of the hcp phase and can prevent it from

transforming back during pressure release.[*°!

Figure 8. () HAADF image and the corresponding (b) Fe, (c) Mn, (d) Al, (e) Si and (f) Ni
elemental maps obtained from TEM-EDS for the edge of the disk processed by 10 turns of HPT.

3.2. Hardness evolution during HPT-processing

Figure 9a shows the hardness versus the distance from the center of the disks processed by HPT
for different numbers of turns. The hardness of the initial material was about 4200 MPa which
increased to ~5700 MPa even in the disk center of ¥ turn sample. For the % turn sample, the
hardness achieved its highest value of about 8100 MPa at the disk edge. Further increase in the



number of turns to one resulted in an increase of the hardness to about 6400 MPa in the disk
center while in the other parts the hardness remained unchanged within the experimental error.
Significant change in the hardness was not observed between 1 and 3 turns of HPT. On the
other hand, for 10 turns sample the hardness in the center and the edge decreased to ~5700 and
~7000 MPa, respectively. This softening with increasing number of turns can also be seen in
Figure 9b where the hardness versus the shear strain is plotted for different numbers of turns. It
is evident that the curves obtained for the different numbers of turns do not match. The most
striking feature is that the hardness versus shear strain plot obtained for the highest number of
turns (N=10) lies below the curves determined for lower numbers of turns. This softening effect
was most probably caused by the formation of fcc precipitates in the bcc matrix since (i) the fcc
structure is usually softer than the bcc one and (ii) the precipitation caused a decrease of the

alloying element concentration in the bcc matrix, making dislocation motion easier.
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Figure 9. (a) The hardness versus the distance from the center of the disks processed by HPT
for different numbers of turns. (b) The hardness versus the shear strain plotted for different

numbers of turns.

The HPT-induced maximum hardness observed for the presently investigated medium Mn steel
is compared with that determined formerly for other steels in Table 2. The hardness values vary
between 3500 and 8000 MPa. The presently studied steel exhibited an exceptionally high
microhardness (about 8100 MPa) among the HPT-processed steels ever investigated. This
observation can be attributed to the bcc structure of the matrix which is essentially harder than
the fcc structure in austenitic steels, the nanocrystalline microstructure and the very high
dislocation density. It is worth noting that the hardness measured for the present HPT-processed
medium Mn steel is exceptional not only compared to conventional materials but also among

high entropy alloy (HEASs) as shown in Figure 10. The HEAs usually exhibit an elevated



hardness due to the high resistance of the disordered alloy structure. This is also valid when the
HPT-processed HEAs are considered.*® Figure 10 shows the hardness of HPT-processed
materials versus the initial hardness before HPT deformation for conventional Al-, Cu- and Mg-
alloys, steels and HEAs. The highest hardness among the HPT-deformed HEASs (about 10 GPa)
was obtained for an AICrFeCoNiNb alloy in which bcc and hexagonal C14 Laves phases co-
exist with a very small grain size (about 10 nm) and a high dislocation density.[“!] It is evident
that the presently investigated HPT-processed medium Mn steel exhibits a hardness (~8100
MPa) comparable with the hardest HEAs after HPT deformation.

Table 2: The saturation values of the grain size obtained by TEM/EBSD, the crystallite size
and the dislocation density determined by XLPA and the microhardness measured with the load
of 500 g for different steels processed by HPT at RT.

Steel type Structure | Grain | Crystallite | Dislocation | Hardness | Ref.
size size density (MPa)
(nm) (nm) (10 m?)
Ultra-low carbon bce 500 - - 3600 [42]
steel
Fe-20%Cr- fcc + hep - - - 6000 43
20%Mn-2.6%V- +V
0.3%C-0.8%N particles
Interstitial-free bce 275 80 8 3500 [441
steel
316L fce 45 21 133 6000 [45]
Fe-12%Cr-1.8%W- | bcc + 140 35 - 6700 [46]
1.7%Ni particles
Maraging steel 250 bce 193 - - 6900 [47]
Fe-0.1 %C bcc 150 24 55 6500 [48]
Medium Mn steel | bce + fcc | 50-100 10-20 230 8100 | Present
study
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Figure 10. The maximum hardness obtained after HPT-processing at RT versus the hardness

before HPT for Al-, Cu- and Mg-alloys, as well as HEAs and steels.

4. Conclusions

From the studies on the effect of HPT processing (up to 10 turns at RT) on the microstructure

and hardness of a medium Mn steel, the following conclusions could be made:

1.

The crystallite size and the dislocation density in the bee matrix saturated with the values
of 10-20 nm and ~230 x 10" m™, respectively, at the shear strain of about 45 due to
HPT processing. In addition, the dislocations were arranged into low energy
configurations with increasing the shear strain imposed during HPT as suggested by the
reduction of the dislocation arrangement parameter. Simultaneously, the grain size
observed by TEM was refined to 50-100 nm.

HPT processing resulted in the formation of precipitates in the bec matrix which were
enriched in Al, Mn and Si alloying elements. The size of the secondary phase particles
varied between 20 and 100 nm. Most probably, the temperature rise to 120-160 °C
during HPT has a significant contribution to the occurrence of precipitation.

The hardness quickly increased up to a very high value of ~8100 MPa for low shear
strain values imposed during HPT, which was due to the nanocrystallization of the
microstructure and the increase of the dislocation density. On the other hand, at high
shear strains a decrease of the hardness to about 7000 MPa was observed which might

be caused by the formation of the softer secondary fcc phase. Nevertheless, the



maximum hardness achieved by HPT is exceptionally high among the existing steel

compositions.
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